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ABSTRACT OF THE THESIS 

Development of Novel Assembly Approaches for Superior Electrode 

Materials of Lithium-Ion Batteries 

By Ruiming Huang 

Dissertation Director: 

Dr. Huixin He 

        Rechargeable lithium ion batteries have attracted tremendous attention as “green” 

technology for electric vehicles and smart grids. In addition, the demand for flexible and 

high energy batteries has increased exponentially due to the growing need for 

smartphones and bio-devices over last few years. The conventional inorganic cathode 

materials (e.g., LiCoO2 and LiFePO4) for Lithium ion batteries are not flexible; they are 

also restricted by their low theoretical specific capacity. To satisfy the emerging large-

scale applications of energy storage, new generation batteries should have high power 

and energy densities, and a long cycle life. In near term, new inorganic cathode and 

anode materials are developing to increase their capacity. In long term, the next 

generation batteries were proposed to be made from inexpensive renewable and/or 

recyclable resources via low energy consumption processes for energy sustainability with 

minimal environmental footprint.  However, issues such as low electronic conductivity, 

large volume change during the charge/discharge cycles and dissolution of the active 

materials, commonly existed in these new electrode materials. These problems not only 
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decrease their energy and power density, charging/discharging rate, but also lead to poor 

cycling performance, which largely hampered their practical applications.  In this thesis, 

novel assembly approaches were developed to address some of the critical issues for the 

next generation battery devices with optimum electrochemical performance. 

        Chapter 1 will include a general overview of basic but important information of 

current rechargeable Lithium ion battery technology, the requirement for the next 

generation Lithium ion battery for sustainable energy storage and their current issues and 

challenges. In addition, the structures, physical properties, methods of fabrications and 

applications of graphene, an important carbon material was employed for assembly with 

electrode materials in this thesis, will also be discussed. 

       In Chapter 2, a simple, efficient and scalable assembly method was introduced for 

the controllable fabrication of nano-structured electrochemical active organic material for 

sustainable energy storage. Croconic acid disodium salt (CADS) as a sustainable organic 

electrode example to investigate the size effect on the battery performance of organic 

electrodes. CADS organic wires with different diameters were fabricated through a facile 

synthetic route using anti-solvent crystallization method. Cracks and pulverization were 

observed for micromter size CADS and its relative low capacity retention rate revealed 

that lithiation induced strain was also contributed to the limited cycling performance for 

organic electrode materials. The CADS nanowire exhibits much better electrochemical 

performance than its crystal bulk material and microwire counterpart. CADS nanowire 

with a diameter of 150 nm delivers a reversible capability of 177 mAh g-1 at a current 

density of 0.2 C, and retains capacity of 170 mAh g-1 after 110 charge/discharge cycles. 
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The nanowire structure also remarkably enhances the kinetics of croconic acid disodium 

salt. The CADS nanowire retains 50% of the 0.1 C capacity even when the current 

density increases to 6 C. In contrast, the crystal bulk and microwire material completely 

lose their capacities when the current density merely increases to 2 C. Such a high rate 

performance of CADS nanowire is attributed to its short ion diffusion pathway and large 

surface area, which enable fast ion and electron transport in the electrode. 

        In Chapter 3, we successfully developed a one-step, bottom up method for direct 

conversion of H2S to sulfur@graphene core-shell composite with various shapes 

(nanoparticles, nanosheets, and nano-wires), which can be used as cathode materials for 

the next generation Li batteries.  This method employed graphene quantum dots as novel 

catalytic soft templates, taking advantage of their unique amphiphilicity and catalytic 

characteristics. We found, for the first time, the graphene quantum dots undergo micelle 

formation in aqueous solution (various solvents). The size and shape of the graphene 

micelle can be easily adjusted by changing the solution condition (ionic strength, 

dielectric constant) and it determines the size and shape of the resulted sulfur@graphene 

core-shell composite material. Our sulfur source, H2S, a major air pollutant, was directly 

converted as sulfur based cathode material, which opens up a potential route toward 

effective pollution control. 

             We developed a general route to fabricate graphene based free standing, carbon 

black and binder free, flexible electrodes for high energy lithium ion battery in Chapter 

4. Various particles (element sulfur, element Tin, Tin oxide and Li1.2Mn0.5Ni0.3Co0.3O2) 

were wrapped by graphene oxide through a simple solution phase assembly approach, no 
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special interaction was needed. The as-prepared composite can be easily fabricated as 

free standing, flexible film and directly used as anode/cathode after recover graphene’s 

conductivity through thermal annealing. A free standing, flexible electrode of 

SnO2@Graphene was fabricated and used as an example for high energy lithium ion 

battery. The inter-connected graphene network functions as a conductive buffer matrix 

for the volume expansion of SnO2 during charge and discharge. A high specific capacity 

of 726 mAh g-1 (calculated by the total mass) and area specific capacity of 2.2mAh/cm2 

was retained after 50 cycles for SnO2@Graphene composite anode at the current density 

of 500mA g-1.  The assembly method developed in this study is general, robust and easy 

to apply on other functional materials rather than battery material, which opens up an 

easy path to fabricate flexible devices. 

        In the Chapter 5, we report a new approach to intentionally induce phase transition 

of Li-excess layered cathode materials for high-performance lithium ion batteries. In high 

contrast to the limited layered-to-spinel phase transformation that occurred during in-situ 

electrochemical cycles, we hereby completely convert a Li-excess layered 

Li[Li0.2Mn0.54Ni0.13Co0.13]O2 (LMNCO) to a Li4Mn5O12-type spinel product via ex-situ 

ion-exchanges and a post-annealing process. Such a layered-to-spinel phase conversion is 

examined using in-situ X-ray diffraction (XRD) and in-situ high-resolution transmission 

electron microscopy (HRTEM). It is found that generation of sufficient lithium ion 

vacancies within the Li-excess layered oxide plays a critical role for realizing a complete 

phase transition. The newly-formed spinel material exhibits initial discharge capacities of 

313.6, 267.2, 204.0 and 126.3 mAh g-1 when cycled at 0.1, 0.5, 1 and 5 C (1 C = 250 mA 

g-1), respectively, and can retain a specific capacity of 197.5 mAh g-1 at 1 C after 100 
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electrochemical cycles, demonstrating remarkably improved rate capability and cycling 

stability in comparison with the original Li-excess layered cathode materials. This work 

sheds light on fundamental understanding of phase transitions within Li-excess layered 

oxides. It also provides a novel route for tailoring electrochemical performance of Li-

excess layered cathode materials for high-capacity lithium ion battery.  

In chapter 6, a facile surfactant-free sonication-induced route is developed to prepare 

colloidal nanocrystals of lithium-excess transition metal oxide. The sonication process 

plays a critical role in forming LMNCO nanocrystals in ethanol (ethanol molecules 

marked as EtOHs) and inducing the interaction between LMNCO and ethanol molecules. 

The formation mechanism of LMNCO-EtOHs supramolecules in the colloidal dispersion 

system is proposed and examined by theoretical simulation and Zeta potential 

measurement. It is suggested that the as-formed supramolecule is composed of numerous 

ethanol molecules capping at the surface of LMNCO nanocrystal core via hydrogen 

bonding. Such chemisorption gives rise to dielectric polarization of the absorbed ethanol 

molecules, resulting in a negative surface charge of LMNCO colloids. Additionally, 

diverse superstructures are resulted from self-assembly of LMNCO colloids during 

evaporation of ethanol. Such self-assembly behaviors of colloidal LMNCO nanocrystals 

are then investigated by tuning the solvent evaporation condition. The assembled 

LMNCO architecture also exhibits remarkably improved capacity and cycleability 

compared to original LMNCO particles, demonstrating a very promising cathode material 

for next-generation lithium-ion batteries. This work thus provides new insight into the 

formation and self-assembly of multiple-element complex inorganic colloids in common 

and surfactant-free solvents for enhanced performance in device applications. 
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Chapter 1. Introduction 

1.1Research background  
         Energy and environmental issues are recognized as two major challenges to 

maintain sustainable global development in the 21st century. The increasing consumption 

of fossil fuels causes many problems such as global warming and air pollution due to the 

emission of CO2 and other hazardous gas. On the other hand, the supplies of fossil fuels 

are limited. Therefore, the exploitation and generation of renewable energy has been 

regarded to be critical to solve our current energy limitation and crisis 1. Over the last few 

decades, many efforts have been devoted into the exploitation of renewable energy such 

as wind power, hydro power, biofuels and solar power with fruitful achievements2-5. 

Despite of energy generation, development of energy storage devices with high capacity, 

high efficiency for energy conversion and long service life is also critical for the 

development of future renewable energy. 

         In the past two decades, Lithium ion battery technology has achieved great success 

and been regarded as the most promising solution for energy storage, due to their high 

energy density, compared to lead–acid, Ni–Cd and Ni–MH battery. It has been 

successfully employed as the power source of electric vehicles. Several brands have 

presented their electric vehicles using lithium ion battery packs. For example, Tesla 

Motor presented the Roadster and Model S, which can offer competitive mileage range to 

traditional gasoline powered vehicles. Other hybrid vehicles such as Chevrolet Volt and 

the Toyota Prius have also been available on the market for more than five years. Besides, 

Lithium-ion batteries dominated the market for portable electronics and played an 

important role in grid scale stationary storage, enabling effective use of renewable 
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energies. The conventional inorganic cathode materials (e.g., LiCoO2 and LiFePO4) for 

Lithium ion batteries are restricted by their low theoretical specific capacity. To satisfy 

the emerging large-scale applications of energy storage, new generation batteries should 

have high power and energy densities, and a long cycle life. In near term, new inorganic 

cathode and anode materials are developing to increase their capacity. In long term, the 

next generation batteries were proposed to be made from inexpensive renewable and/or 

recyclable resources via low energy consumption processes for energy sustainability with 

minimal environmental footprint. 

  

1.2Lithium-ion battery- working principle 
 

        Lithium-ion battery has presented various advantages in terms of high specific 

capacity and operating voltage, excellent rate capability and long-term cycling 

performance, safety, and environmental benignity  compared with traditional lead-acid 

battery, nickel-metal hydride battery and nickel-cadmium battery6. For example, LiCoO2 

based Lithium ion battery (as presented in Fig 1.2) has an operating voltage of 3.7v, 

which is almost three times in comparison with Lead acid battery. The Lithium-ion 

battery industry expanded rapidly both in research and market due to its high gravimetric 

and volumetric energy density after the release of first rechargeable Lithium-ion battery 

by SONY in the early 1990’s.   



3 
 

 

 

Fig. 1.2 A schematic representation of a lithium ion battery based on LiCoO2/Graphite7 

        Lithium-ion batteries are comprised of three major components: Cathode, anode and 

electrolyte. Cathode and anode are separated by a porous membrane (separator) 

immersed in electrolyte with copper foil as the current collector for anodes and 

Aluminum foil as the current collector for cathodes. Commercial anode materials are 

almost exclusively graphite based material. Anode materials with higher energy density, 

such as Si, SnO2 and Li4Ti5O12
8-11, have been widely studied but still in the research stage. 

Common active materials for cathode electrode are intercalation compounds, such as 

LiCoO2,  LiMn2O4 and LiFePO4, which have been widely applied in commercial 

batteries12,13. As for the electrolyte, Lithium salts such LiPF6 and LiClO4 are generally 

used and dissolved in organic solvents consisting of ethylene carbonate, dimethyl 

carbonate, and diethyl carbonate, etc. During the operation of Lithium-ions battery, 

Lithium ions migrate repeatedly between the cathode and the anode. When intercalation 

compounds were used as cathode materials, Li ions were extracted from the cathode and 
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migrated to graphite anode during the charge process. The electrons were then migrated 

through the external circuit. The entire process was reversed during the discharge. 

1.3Anode materials for Lithium-ions battery 
        Lithium metal anodes are typically used during the initial research development for 

both anode and cathode materials as the “infinite” Lithium source. While the application 

of Lithium metal anodes in commercial Lithium ions battery is limited due to its safety 

issues and dendrite formation. Graphite is commonly applied as the anode material in 

commercial Lithium ion batteries, due to its long cycle life, abundant material supply and 

relatively low cost. Graphite can be characterized as a stack of hexagonally bonded sheets 

of carbon (graphene) held together by van der Waals forces.  Lithium ions are able to be 

inserted in between the planes of graphite. The theoretical capacity of graphite anode is 

372 mAh/g 14. This corresponded to the formation of LiC6 after full intercalation of 

Lithium ions into graphite. Graphite was widely used also because of their low expansion 

during Lithium ion insertion, which is directly linked to their ability to maintain their 

long term cycle stability. However, 372 mAh/g is a relatively low Lithium insertion 

capacity. Therefore, there has been a growing interest in developing alternative anode 

materials with enhance safety, high-energy density and long term cycle stability15. 

        For the past few years, research efforts on exploring alternative anode materials are 

mainly focus on alternative carbon materials( carbon nanotube, graphene, mesoporous 

carbon), Ltihium alloy materials ( element Si, SnO2) and nanostructured composite 

materials. In the later 1990’s, research efforts for alternative carbon anode were mainly 

focused on so call “hard” carbon, which exhibits much higher capacity than LiC6
16-18. 

The origin of the high capacity from those “hard” carbons was uncertain.   Sato’s model16 
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proposed that the Lithium intercalation happened not only within but also between the 

graphene layers. The Mabuchi’s model19 assumes that the absorption of large amount of 

Lithium in the pores or voids of the carbon host is responsible for the high capacity. On 

the other hand, Dahn’s model18 proposed that the internal surface of the hard carbon also 

contributed to the total capacity. However, the operation of those “hard” carbon anodes 

usually accompanied with huge irreversible capacity loss, limited conductivity, as well as 

relatively short cycle stability.  

        Graphitic carbon materials other than graphite such as carbon nanotube (CNT) and 

graphene have also shown great potential as alternative anode. The advantages of these 

graphitic carbon materials over graphite include their high tensile strength, high 

conductivity, and relative inertness and much increased capacity without being 

susceptible to pulverization20. If all the graphene sheets are strictly monolayer, LiC3 

structures can be formed in which lithium is stored on both sides of the graphene sheet, 

delivered the theoretical capacity of 744mAh/g 21. Recently, several strategies have been 

employed to improve the performance of graphene based anodes. Several studies even 

presented graphene based anode with specific capacity beyond above mentioned limit. 

Chemical doping of graphene has also been demonstrated as an effective method for 

adjusting the physical and chemical properties of graphene resulted from the introduction 

of suitable reactive sites, which lead to improved electrochemical properties. For example, 

Zhong et al reported doped graphene shows a high reversible capacity of >1040 mAh/g at 

a low rate of 50 mA/g 22. It also exhibits excellent high rate capability (199 and 235 

mAh/g was obtained for the N-doped graphene and B-doped graphene at 25 A/g (about 

30 s to full charge).  In addition, creating defect on graphene plane is another effective 
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method to improve its electrochemical performance. The defects on graphene plane not 

only offer faster ion and electron transfer pathway, but also create more edges, which are 

more electrochemically active then pristine graphene. Therefore, high specific capacity 

beyond its theoretical capacity was reported. For example, Zhu et al reported that defect 

holes can be introduced via KOH treatment23. Zhao et al also presented defect generation 

of in-plane carbon via ultrasonic-assisted treatment in hot HNO3
24. On the other hand, 

graphene not only have a higher capacity in comparison with graphite, it can also be used 

as a support matrix to form novel graphene and metal oxide composites that can take 

advantage of the higher capacity of metals oxide which will be discussed later in details. 

        On the other hand, Lithium alloy material such as element Si (4200 mAh/g)25-27 and 

SnO2 (1493mAh/g for 8.4e)28-31 are capable of storing more Lithium ions per-gram than 

graphitic carbon materials by forming an alloy with Lithium. However, Lithium alloy 

materials suffer from severe volumetric expansion and contraction during the Lithiation 

and delithiation, which leads to poor cycle stability. Besides, alloy anodes show high 

initial irreversible capacities. The causes of large irreversible capacity for alloy anodes 

can be contributed to: (1) Loss of active materials. Cracking and pulverization of active 

particles resulting from large volume change during cycling, lead to the disconnection of 

some alloy particles from the conductive carbon or current collector32-34. The cracking of 

the active material has been captured by SEM observation35. The breakdown of the 

conductive network was supported by the sudden increases of the internal resistance of a 

Si anode at ∼0.4 V during the Li-extraction process33. (2) Formation of Solid Electrolyte 

Interface (SEI). The formation of this passivation layer was the result of lithium reaction 

with the electrolyte at the surface of alloy particles, which has been evidenced by 
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HRTEM, FTIR and XPS 34,36,37. (3) After alloyed with active materials, some Li ion 

might be permanently trapped in the alloys38,39. (4) Aggregation of alloy particles due to 

the welding effect results from the large volume expansion40. Different approaches have 

been attempted to reduce the first cycle irreversible capacity loss and improve of their 

cycle stability. Increasing efforts have been focus on incorporating Lithium alloy 

materials into carbon matrix in order to obtain anode materials with both high energy 

density and long term cycle stability8,11,41. It has been confirmed in many studies that 

improved cycle stability can be obtained by preparing alloy/carbon composite either from 

ball milling or pyrolysis of carbon precursors. This can be attributed to the improvement 

of electric conductivity and the buffering effect from the carbon matrix for the volume 

expansion. It was also suggested that the carbon coating can suppress the formation of 

SEI layers and minimize the aggregation of alloy particles42,43. Other methods were also 

attempted such as controlling the operating voltage and choosing proper binder and 

electrolyte specifically for each type of material. In chapter 4, we developed a novel 

approach to prepare free standing, flexible SnO2@Graphene composite anode with both 

high gravimetric specific capacity and area specific capacity. This composite anode is 

additive free and even current collector free. All the components were involved in 

Lithium storage and contributed to the total capacity. 

 

1.4Cathode materials for Lithium ion battery 

        Cathode materials are typically Lithium transition metal oxides, which undergo 

oxidation when Lithium was removed during charging and reverse back during 

discharging. The development of state-of-art cathode materials is critical to meet the 
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requirement of high energy and power density for the electric vehicles, since the cathode 

materials usually have much lower capacity than anode materials. 

        In the past two decades, layered LiCoO2 has been widely used in portable electronic 

after being introduced by Goodenough et al. in 1979 and manufactured by SONY since 

1991. The practical capacity of LiCoO2 is only about 130 mAh g-1, less than half of its 

theoretical capacity (272 mAh g-1). Its limited capacity along with its high cost and 

toxicity prevents its large scale application in transportation and stationary energy 

storage44-46.  The olivine lithium iron phosphate (LiFePO4) is another commercially used 

cathode material (by BYD and A123), which was first reported by Padhi et al. in 1997. In 

comparison with LiCoO2, LiFePO4 exhibits a higher practical capacity of 170 mAh/g, 

excellent cycling stability, lower cost, and better safety as well as environmental 

benignity. The major challenge of this material is its extremely poor electronic 

conductivity in nature, results in limited rate capability. Research efforts on improving 

LiFePO4’s high rate performance have been focused on cation doping and carbon coating 

in order to increase the overall electronic conductivity47-49. In order to meet the high 

energy and power densities required for electric vehicles, advanced cathode materials for 

high performance Lithium ion battery should meet the following standard44,50: (1) High  

operating voltage and flat voltage plateau. In order to reach high operating voltage, 

cathode materials are preferred to posse relatively high chemical potential versus Lithium 

metal. The flat voltage plateau is also necessary for lasting operation of electrical devices; 

(2) High energy and power density: the advanced cathode materials candidate should 

have high specific practical capacity and favorable high-rate performance; (3) excellent 

cycling stability: The reaction between the advanced cathode material with Lithium ions 
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must be highly reversible during the continuous lithiation and delithiation cycles. Besides, 

excellent mechanical stability is also critical for maintain structure stability which also 

contributed to their cycling stability. Other characteristics such as safety, wide 

operational temperature range, sustainability are also important for the state of art 

cathode materials candidates. 

        Recently, Lithium excess layered oxide materials, by “combining” Li2MnO3with 

LiMO2 (where M=Mn, Ni, Co) into an integrated component have attracted tremendous 

research attentions due to its high theoretical capacity (> 250 mAh/g) and high operating 

potential (> 4.5 V). Originally, Li2MnO3 was considered to electrochemically inactive. It 

was employed primarily to stabilize the layered structure. Later, researches revealed that 

the Li2MnO3 component can be activated during the initial charge above 4.5 V vs. Li/Li+.  

During such activation process, Li2MnO3 is decomposed to Li2O and MnO2 due to 

electrochemical extraction of lithium ions. Simultaneously, this process results in an 

irreversible oxygen loss and creation of lithium ion vacancies in the layered structure51,52. 

One phenomenon occurred during subsequent electrochemical cycles of these materials is 

the unavoidable and continuous layered-to-spinel phase conversion due to the generation 

of Lithium ion vacancy upon cycling. The newly formed spinel phase can significantly 

contribute to the high-rate capability, due to its lithium-active characteristics, higher 

electronic conductivity and facile lithium ion diffusivity53,54,55. On the other hand, the 

formation of spinel structures breaks down the parent layered lattice and induces lattice 

strains, causing structural instability during lithiation/delithiation and poor 

electrochemical reversibility of Li-excess layered cathode materials56. Therefore, it would 

be very intriguing to purposely and controllably induce a layered-to-spinel phase 
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transformation, in order to explore fundamental mechanism of the layered-to-spinel phase 

transition and crystal structure of the resultant spinel phase. It would also be very 

interesting to evaluate electrochemical performance of the resultant spinel structure for 

use in superior lithium ion batteries. Therefore, in chapter 5, we develop an ex-situ route 

in this work to realize a layered-to-spinel phase transition of Li-excess layered transition 

metal oxides for high-performance batteries and offer insight for the detail structure of 

the newly developed spinel phase. Sonication induced generation of colloidal nanocrystal 

of Lithium excessed oxide, its morphology reconstruction after solvent evaporation and 

the impact on its electrochemical performance were also discussed in Chapter 6. 

 

Fig. 1.4.1 The structure and redox mechanism of various types of organic electrode 
materials57 

 

        Electroactive organic materials, such as organic salts and polymers, involving 

reversible redox reactions are promising candidates as alternative cathode materials due 
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to their higher theoretical capacity, safety, sustainability, environmental friendliness and 

potential low cost58,59. Fig. 1.4.1 summarized different type of organic electrode materials 

which has been reported including their structures and redox mechanism. In general, the 

existence of conjugated structure is critical, since a conjugated structure is beneficial for 

electron transportation in the reaction and charge delocalization of the redox product. 

Besides, lone pair electrons usually have a higher reaction activity. Therefore, the redox 

reaction usually happened on the organic group with conjugated structure and atoms with 

lone pair electrons, such as N, O and S. Base the above discussion, large amount of 

organic materials can be designed as potential candidate for cathode material. However, 

there are other requirements for those organic electrode materials. First of all, the 

reversibility of the redox reaction and the kinetics associated with the potential candidate 

need to be excellent. The reversibility corresponds to the cycle stability of the 

electrochemical cell and the kinetics is usually associated with its rate capability. 

Secondly, proper redox potential which was determined by the redox organic group is 

also important since it determined the potential output voltage of the full cell. 

Unfortunately, the redox potential of above mentioned organic electrode materials are 

usually between 2.0 and 4.0 V vs. Li+/Li, which was relatively lower than traditional 

inorganic intercalation compound. At the meantime, it’s usually much easier to design 

organic electrode material than synthesize it. Therefore a promising organic electrode 

material should be easily obtained from nature or synthesized. Although organic cathode 

materials usually have relatively low redox potential, high energy density can be still 

obtained due to its much higher theoretical and practical capacity compared with 

inorganic intercalation compound. For example, theoretical energy density of 
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benzoquinone is close to 1400 Wh kg-1, which was calculated based on 2.8v redox 

potential and theoretical capacity of 496 mAh g-160. This is much higher than the 

commercial LiCoO2 (550 Wh kg-1). For another, many organic redox reaction possessed 

much faster reaction kinetics than inorganic intercalation compound. As a result, high 

power density can also be expected. Different from the inorganic cathodes, which only 

focus on a few materials, it’s believed that there are still many other organic material of 

different structures can be employed as the cathode materials. Ideally, it’s expected that 

the organic electrode materials can be directly extracted from natural compound or 

synthesized from biomass as sustainable energy resources. However, there are still 

several challenges for commercialization and practical use of organic cathode. First of all, 

Lithium metal was generally used as the anode and lithium source, which brings about 

safety concern for practical use. For another, apart from conducting polymer, nearly all 

other organic electrode materials are electrically insulated, which compromise the full 

usage of the active materials. Besides, more conductive carbon was needed for electrode 

preparation for the construction of effective electron transfer network, which lower down 

the percentage loading of the active material. Dissolution of the electrochemical active 

organic materials into the battery electrolyte was another serious issue for organic 

cathode materials, which leads to loss of active material and poor cycle stability.  The 

solubility of organic compounds could be reduced by enhancing their polarities via salt 

formation and solubility of organic salt in organic electrolyte can be further reduced by 

increasing the concentration of lithium salt in organic electrolyte61. Due to their high 

theoretical capacity, fast reaction kinetics, together their structural diversity, conjugated 

carbonyl compounds were not only the first type organic electrode materials being 
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studied, but also considered to be the most promising type of organic electrode materials 

so far. The first organic electrode material, dichloroisocyanuric acid, was reported by D. 

L. Williams et al in 196962. After that, scientists are trying to explore other small organic 

molecule with conjugated carbonyl structure as alternative cathode. In chapter 2, croconic 

acid disodium salt, (CADS, C5O5Na2, an organic salt with conjugated carbonyl structure) 

wires with different diameter were synthesized via anti-solvent crystallization. It was not 

only investigated as a new candidate of organic cathode material but also was used as 

model to investigate the size effect on the battery performance of organic electrodes.  

 

        Element sulfur is an intriguing cathode material for Lithium ion battery with 

theoretical capacity of 1,673mAh g-1, more than five times the commercial LiCoO2 

cathode. Besides, sulfur is naturally abundant, inexpensive and environmentally 

friendly63,64.  The Li-S cell consists of Lithium metal as the anode, organic electrolyte and 

composite sulfur cathode as shown in Fig. 1.4.2. 

                               

Fig. 1.4.2 Schematic diagram of Li-S cell 
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         The operation of the Li-S cell start with the discharge since element sulfur is in the 

charged state. During the discharge process, metallic Li is electrochemically oxidized at 

the negative electrode and produces Lithium ions and electrons. The produced lithium 

ions are then move internally through the electrolyte to the positive electrode while 

electrons are transferred to the positive electrode via external circuit, thus electrical 

current is generated. The overall reaction is shown as follows during the discharge and 

backward during the charge.  

                     2Li + S → Li2S                                                equation   1.4.1 

 

        For the idea discharge process, generation of high-order lithium polysulfides Li2Sx 

(6 < x ≤ 8) is first obtained through the reduction of orthorhombic S8 via ring opening. 

With the incorporation of additional Lithium ions, lower order of lithium polysulfides 

Li2Sx (2 < x ≤ 6) are formed as the discharge continues. Two discharge plateaus are 

often observed for ether based electrolyte at 2.3v and 2.1v, which represent the 

conversion of S8 to Li2S4 and Li2S4 to Li2S, respectively. During the following charge, 

the Li2S converts back to S8 via polysulfide intermediate65.  

        Current challenges for the practical use of Li-S technology including: (1) poor 

electronic conductivity of element sulfur and its various discharged products (Li2Sx, x=2-

8); (2) heavy dissolution of intermediate polysulfide and (3) large volume expansion 

during charge/discharge cycles66-68. In addition, the dissolved polysulfide shuttles 

between the anode and cathode. It also reacts with the anode material during the cycles. 

These issues result in a low utilization of the active material, poor cycle stability, and low 
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system efficiency. Great efforts have been carried out to address the above issues in order 

to enable the practical application of Li-S batteries with high energy density and long 

cycle stability. For example, element sulfur is usually combined with conductive 

substrate in order to increase the electrical contact. Such composite cathodes are usually 

prepared via two general strategies: surface coating and sulfur impregnation. Due to its 

high electrical conductivity, dense structure, and elastic nature, carbon coating has been 

demonstrated as effective method to improve Li storage property for various electrode 

materials69,70. However, element sulfur poses relatively low sublimation temperature and 

melting point. Therefore, traditional methods for carbon coating such as hydrothermal 

reaction and chemical vapor deposition (CVD) are not suitable for sulfur. As mentioned 

earlier, graphene or reduce graphene oxide are suitable for low temperature coating in 

solution phase. It can be wrapped onto the active sulfur particles via ionic strength 

engineering to form a conducting network and diminish the interface resistance among 

particles71. Besides, the flexibility of graphene is beneficial to alleviate the stress 

introduced by the volume expansion and contraction during the cycling. High specific 

capacities of sulfur and a favorable cycle life can also be obtained via sulfur coating by 

conducting polymer66,72,73. Several polymer sulfur core-shell structured cathodes have 

been reported to have much improved electrochemical performance in terms of high 

specific capacity and desirable cycle lifespan. The elastic polymer framework can also 

effectively accommodate the volume variation and trap the soluble polysulfide 

intermediates. Recently, oxides material such as TiO2 have been demonstrated to be an 

effective coating material for sulfur74. TiO2 coating on monodispersed sulfur 

nanoparticles was first obtained through controlled hydrolysis. S@TiO2 yolk shell 
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composite was then obtained by partial dissolution of sulfur. The intact mesoporous TiO2 

shell allows Li+ to pass through and prevents the polysulfides from dissolving out. On the 

other hand, the large internal voids in the composite could accommodate the volume 

expansion of sulfur. Instead of applied conductive coating onto sulfur surface after sulfur 

was generated, another strategy take advantages of sulfur’s low sublimation temperature. 

Porous substrates such as mesoporous carbon were first prepared via various routes. 

Sulfur was then impregnated into the pores of the host substrate by heating the substrate 

and element sulfur mixed at elevated temperature in a sealed vial. This strategy was first 

reported by Nazar et al by introducing sulfur into an ordered mesoporous carbon (CMK-3) 

to improve the cycling performance of the sulfur cathode75.  Since then, various porous 

materials have been synthesized as the host substrate for sulfur67,76-78. The benefit of this 

approach is that better sulfur retention can be reached, in comparison with the post 

carbon or polymer coating. In Chapter 3, we successfully employed graphene quantum 

dots as the soft template, reporting a one-step,   bottom up method for sulfur@graphene 

core-shell composite fabrication with various shapes (Spherical, nanosheet, nano-wires), 

by utilizing the unique amphiphilicity of graphene quantum dots. We found, for the first 

time, the graphene quantum dots undergo micelle formation in aqueous solution (various 

solvents). The size and shape of the graphene micelle can be easily adjusted by changing 

the solution condition (ionic strength, dielectric constant) and it determine the size and 

shape of the resulted sulfur@graphene core-shell composite material. Our sulfur source, 

H2S, a major air pollutant, was directly converted as the sulfur cathode, which opens up a 

potential route toward effective pollution control. 
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1.5Motivation and scope 

        Although the Lithium ion batteries are commercially successful, such as portable 

devices, extensive research efforts have been devoted to improve their performance, 

which was mainly promoted by the increasing demand for the energy storage devices 

with higher energy density and power density. As mentioned earlier, issues such as low 

electronic conductivity, large volume change during the charge/discharge cycles and 

dissolution of the active materials, commonly existed in these new electrode materials. 

These problems not only decrease their energy and power density, charging/discharging 

rate, but also lead to poor cycling performance. The development of  efficient, scalable 

assembly method for nanostructured electrode materials fabrication has been consider as 

the most promising direction to resolve the above issues and apply the alternative 

electrode materials into practical applications. The nanostructured electrode materials 

exhibit advantages such as short Lithium ion diffusion length, large surface area, fast 

diffusion rate and capability of effective strain release, which are beneficial for Lithium 

ion battery technology.  Much enhanced capacities, high rate performance, cycle stability, 

have been found to benefit from nanometer size effects for the novel Li storage systems. 

        The objective of this dissertation is to develop new assembly approaches for the 

preparation of nanostructured electrode materials with high energy density, excellent rate 

capability and cycling stability. The following chapters 2 to chapter 6 present all research 

achievements in my doctoral program. 
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        In Chapter 2, a simple, efficient and scalable assembly method was introduced for 

the controllable fabrication of nano-structured electrochemical active organic material for 

sustainable energy storage. Croconic acid disodium salt (CADS) as a sustainable organic 

electrode example to investigate the size effect on the battery performance of organic 

electrodes. CADS organic wires with different diameters were fabricated through a facile 

synthetic route using anti-solvent crystallization method. Cracks and pulverization were 

observed for micromter size CADS and its relative low capacity retention rate revealed 

that lithiation induced strain was also contributed to the limited cycling performance for 

organic electrode materials. The CADS nanowire exhibits much better electrochemical 

performance than its crystal bulk material and microwire counterpart. CADS nanowire 

with a diameter of 150 nm delivers a reversible capability of 177 mAh g-1 at a current 

density of 0.2 C, and retains capacity of 170 mAh g-1 after 110 charge/discharge cycles. 

The nanowire structure also remarkably enhances the kinetics of croconic acid disodium 

salt. The CADS nanowire retains 50% of the 0.1 C capacity even when the current 

density increases to 6 C. In contrast, the crystal bulk and microwires material completely 

lose their capacities when the current density merely increases to 2 C. Such a high rate 

performance of CADS nanowire is attributed to its short ion diffusion pathway and large 

surface area, which enable fast ion and electron transport in the electrode. 

        In Chapter 3, we successfully employed graphene quantum dots as the soft template, 

reporting a one-step, bottom up method for sulfur@graphene core-shell composite 

fabrication with various shapes (Spherical, nanosheet, nano-wires), by utilizing the 

unique amphiphilicity of graphene quantum dots. We found, for the first time, the 

graphene quantum dots undergo micelle formation in aqueous solution (various solvents). 



19 
 

 

The size and shape of the graphene micelle can be easily adjusted by changing the 

solution condition (ionic strength, dielectric constant) and it determine the size and shape 

of the resulted sulfur@graphene core-shell composite material. Our sulfur source, H2S, a 

major air pollutant, was directly converted as the sulfur cathode, which opens up a 

potential route toward effective pollution control. 

        We developed a general route to fabricate graphene based free standing, carbon 

black and binder free, flexible electrodes for high energy lithium ion battery in Chapter 

4. Various particles (element sulfur, element Tin, Tin oxide and Li1.2Mn0.5Ni0.3Co0.3O2) 

were wrapped by graphene oxide through a simple solution phase assembly approach, no 

special interaction was needed. The as-prepared composite can be easily fabricated as 

free standing, flexible film and directly used as anode/cathode after recover graphene’s 

conductivity through thermal annealing. A free standing, flexible electrode of 

SnO2@Graphene was fabricated and used as an example for high energy lithium ion 

battery. The inter-connected graphene network functions as a conductive buffer matrix 

for the volume expansion of SnO2 during charge and discharge. A high specific capacity 

of 550 mAh g-1 was retained after 100 cycles for SnO2@Graphene free standing, flexible 

electrode at the current density of 200 mA g-1. The assembly method developed in this 

study is general, robust and easy to apply on other functional materials rather than battery 

material, which opens up an easy path to fabricate flexible devices. 

        In Chapter 5, reports a new approach to intentionally induce phase transition of Li-

excess layered cathode materials for high-performance lithium ion batteries. In high 

contrast to the limited layered-to-spinel phase transformation that occurred during in-situ 

electrochemical cycles, we hereby completely convert a Li-excess layered 
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Li[Li0.2Mn0.54Ni0.13Co0.13]O2 (LMNCO) to a Li4Mn5O12-type spinel product via ex-situ 

ion-exchanges and a post-annealing process. Such a layered-to-spinel phase conversion is 

examined using in-situ X-ray diffraction (XRD) and in-situ high-resolution transmission 

electron microscopy (HRTEM). It is found that generation of sufficient lithium ion 

vacancies within the Li-excess layered oxide plays a critical role for realizing a complete 

phase transition. The newly-formed spinel material exhibits initial discharge capacities of 

313.6, 267.2, 204.0 and 126.3 mAh g-1 when cycled at 0.1, 0.5, 1 and 5 C (1 C = 250 mA 

g-1), respectively, and can retain a specific capacity of 197.5 mAh g-1 at 1 C after 100 

electrochemical cycles, demonstrating remarkably improved rate capability and cycling 

stability in comparison with the original Li-excess layered cathode materials. This work 

sheds light on fundamental understanding of phase transitions within Li-excess layered 

oxides. It also provides a novel route for tailoring electrochemical performance of Li-

excess layered cathode materials for high-capacity lithium ion battery.  

        In chapter 6, a facile surfactant-free sonication-induced route is developed to 

prepare colloidal nanocrystals of lithium-excess transition metal oxide. The sonication 

process plays a critical role in forming LMNCO nanocrystals in ethanol (ethanol 

molecules marked as EtOHs) and inducing the interaction between LMNCO and ethanol 

molecules. The formation mechanism of LMNCO-EtOHs supramolecules in the colloidal 

dispersion system is proposed and examined by fluorescence spectra, theoretical 

simulation and Zeta potential measurement. It is suggested that the as-formed 

supramolecule is composed of numerous ethanol molecules capping at the surface of 

LMNCO nanocrystal core via hydrogen bonding. Such chemisorption gives rise to 

dielectric polarization of the absorbed ethanol molecules, resulting in a negative surface 
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charge of LMNCO colloids. Additionally, diverse superstructures are resulted from self-

assembly of LMNCO colloids during evaporation of ethanol. Such self-assembly 

behaviors of colloidal LMNCO nanocrystals are then investigated by tuning the solvent 

evaporation condition. The assembled LMNCO architecture also exhibits remarkably 

improved capacity and cycleability compared to original LMNCO particles, 

demonstrating a very promising cathode material for next-generation lithium-ion batteries. 

This work thus provides new insight into the formation and self-assembly of multiple-

element complex inorganic colloids in common and surfactant-free solvents for enhanced 

performance in device applications. 
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Chapter 2 Anti-solvent promoted self-assembled organic nanowires for 
high power density lithium ion batteries 

 

2.1: Introduction 
        To satisfy the emerging large-scale applications of energy storage, new generation 

batteries should have high power and energy densities and long cycle life1. In near term, 

new inorganic cathode and anode materials are being developed to increase their capacity. 

In long term, the next generation batteries were proposed to be made from inexpensive, 

renewable, and/or recyclable resources, via low energy consumption processes for energy 

sustainability with minimal environmental footprint2. Among them,  electrochemical 

active organic materials were proposed to be a competitive candidate as the alternative 

for the inorganic electrode material, due to their high theoretical capacity, low cost, 

sustainability, and environmental friendliness 2.  

        In general, organic electrode materials can be divided into three types, according to 

their different redox reactions. For the N-type organic electrode materials, the reaction is 

between its neutral state and negatively charged state (Conjugated carbonyl3,4). For the P-

type organic electrode materials, the reaction is between its neutral state and positively 

charged state (Conjugated thioether5). There are also bipolar organic electrode materials, 

for which can be either reduced to negatively charged state or oxidized to positively 

charged state(Nitroxyl radical 6,7). Among all those organic electrode materials, N type 

conjugated carbonyl based materials such as pururin8, tribrominated trioxotriangulene9, 

perylenetetracarboxylic anhydride10, and other compounds11-21 have been investigated as 

electrodes for Li-ion batteries, and some organic materials can also be used for Na-ion 

battery electrodes22,23. Conjugated carbonyl compounds are not only the earliest type of 
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organic electrode materials, but also the most attractive and fruitful research field at 

present. Dissolution of the organic compounds in the electrolyte and low electronic 

conductivity are the major challenges to obtain stable electrochemical performance. 

Recently, it has been reported that the solubility of organic electrode materials could be 

reduced by increasing their polarity via salt formation 24 and can be further reduced by 

increasing the salt concentration of the electrolyte25. Except for conducting polymers, 

nearly all other electrochemical active materials are electrical insulators, which largely 

prevented the full utilization and high rate performance of the active materials, even with 

30% conductive carbon addition. It has been demonstrated that fabrication of 

nanostructure can play an important role in improving the performance of Lithium ion 

battery, because the Lithium ion diffusion path is dramatically decreases. Besides, 

Nanoparticles have large surface areas and fast electron and Li ion diffusion rate which 

are also beneficial for the operation of Lithium ion battery. For example, organic 

Li4C8H2O6 nanosheets have shown better cycling stability and rate performance than its 

bulk material26. However, the lithiation induced strain in electrodes that can result in high 

stress, fracture, and capacity loss, which is common for inorganic electrode material (e.g. 

Si), has not been reported for organic electrode. Since capability for strain relief of one 

material is highly size dependent, in order to study whether lithiation induced strain was 

also contributed to cracks and capacity loss in organics materials; an assembly method 

needs to be developed to be able to controllably fabricate organic active materials with 

difference sizes for electrode material fabrication.  

        Croconic acid disodium salt (CADS) has a cyclopentene backbone with three 

carbonyl groups, and two of them are connected by a conjugated chemical bond as shown 
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in Fig. 2.1. The two carbonyl groups in CADS can participate in the reversible reaction 

with lithium ions27, providing a theoretical capacity of 288 mAh g-1. Anti-solvent 

crystallization assembly method was introduced for the controlled fabrication of CADS 

wires with different sizes. Besides, various conductive carbon materials were introduced 

as the seeding templates and external nucleus to promote heterogeneous crystallization 

during CADS precipitation in the mixed solvent, in order to further increase the overall 

conductivity of the resulting structures. Diameter size of 150nm, 4µm, and 10µm of 

CADS wires were chosen as the representatives to investigate the size effect on the 

battery performance of organic electrodes. The experiment results demonstrated that 

CADS nanowires with the diameter of 150 nm exhibit superior capacity, rate capability, 

and cycling stability. The theoretical calculation for lithiation and delithiation of CADS 

suggests that sodium ions in CADS will be gradually replaced by lithium ions during the 

lithiation and delithiation of CADS electrode, which is confirmed by Inductively Coupled 

Plasma test. Since Li croconate has a more stable crystal structure than Na croconate, the 

formation of Li croconate further enhances the cycling stability of CADS electrode. To 

our best knowledge, CADS nanowires demonstrate one of the best battery performances 

for reported organic compounds in terms of cycling stability and rate performance at a 

low carbon content. 
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Fig. 2.1. Molecular structure of croconic acid disodium salt. 

2.2 Results and discussion: 

2.2.1: Self assemble of CADS from anti-solvent crystallization with and without 
external nucleus 

        Precipitation occurs when an anti-solvent (a solvent in which the product is 

insoluble in) is added, drastically reducing the solubility of the desired product in the new 

mixed solvent system28. In our current system, CADS is highly soluble in water; however, 

it is not soluble in acetone. Precipitation of CADS occurs when large amount of acetone 

was added into CADS water solution due to the oversaturation of CADS in the 

acetone/water mixed solvent. The schematic drawing of the fabrication process is shown 

in Fig.2.2.1.1. The growth of CADS nanowires is driven by reducing the solubility of 

CADS, when acetone was added into CADS aqueous solution. Under bath sonication, 

CADS starts to crystallize within a few minutes, due to its poor solubility in the 

water/acetone mixture solvent. During crystallization,  the CADS molecules self-

assemble into nanowires, possibly due to - interaction between CADS molecules29. 
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Fig. 2.2.1.1: schematic drawing of anti-solvent crystallization 

        A robust wire structure was always obtained when acetone was employed as the 

poor solvent. The concentration effect of the CADS water solution was studied when the 

volume ratio of water and acetone was fixed. In general, the diameter of CADS wires can 

be manipulated by tuning the concentration of CADS in aqueous solution. As shown in 

Fig. 2.2.1.2, CADS nanowires with average diameters of 150nm, 250nm, 500nm and 

800nm were obtained with the concentration of CADS aqueous solution of 0.2mg/ml, 

0.4mg/ml, 0.8mg/ml and 1mg/ml, respectively. The lower concentration CADS aqueous 

solution yields thinner CADS nanowires.  
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Fig.2.2.1.2 SEM images 200µl of a)0.2mg/ml; b)0.4mg/ml; c)0.8mg/ml; d)1mg/ml of CA 
was added into 12ml of Acetone 
 

        Different anti-solvents also influence the shape and size of the assembled 

morphology of CADS. For example,  when acetonitrile was employed as the anti-solvent 

mixture of microsize rod and nanowire was obtained as shown in Fig.2.2.1.3 a. Similar to 

acetone, uniform nanowires were obtained when tetrahydroguran (THF) was introduced 

as the anti-solvent(Fig.2.2.1.3 b). In the case of dimethylformamide (DMF), extremely 

long wires were obtained; however they were not uniformed in diameters. More 

interestingly, the obtained nanowires orient themselves as fish bone configurations 

(Fig.2.2.1.3 c). When acetonitrile/chloroform mixture(volume raio 3:1) was used, 

microrode with avarage diamter of 2µm was observed as the sole product. The size, 

shape, and uniformity observed for different antsolvents are mainly determined by the 

solubility of CADS in those solvent and the interaction between the good solvent and 

antisolvents.   
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Fig.2.2.1.3 SEM images of CADS product from different poor solvent system a 
Acetonenitril; b Tetrahydroguran; c Dimethylformamide and d Acetonitrile/Chloroform 
mixture(volume raio 3:1) 
 

        Heterogenous crystallization will be promoted when foreign nucleus was inroduced 

prior to the precipitation of the desired product30. Current electrode preparation is 

involved mechanically mixing of polymer binder and carbon black as the conductive 

additive with the electroactive material. Recently, various carbon nanotubes and graphene 

materials have been explored to improve battery performance taking advantage of their 

high conductivity and unique shapes 31-34. If these conductive carbon nanomaterial was 

employed as the seeding template and external nucleus for the crystallization of CADS, a 

better mixing of the conductive carbon and the electrochemical active CADS is  

expected35. As a result, the overal conductivity of the electrode materials should be 

increased, which will be beneficial for the battery rate performance. 
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         We studied CADS morphology changes when microwave-enabled low oxygen 

graphene nanosheets (ME-LOGr)36, multi-walled carbon nanotubes (MWCNT), nitrogen 

doped graphene quantum dots (NQD)37, and carbon black (CB) were introduced as 

seeding templates and external nucleus for the CADS growth. ME-LOGr are two 

dementional with lateral diameter of 10 ± 4 nm and an average thickness of 0.75 ± 0.23 

nm. ME-LOGr are highly electrically conductive since they have limited amounts of 

oxygen-containing groups. MWCNT are highly conductive one dimensional carbon 

materials with average length around 400nm and average diameter of 20nm.    Nitrogen 

doped graphene quantum dots, with lateral diameter of 10 ± 3 nm and an average 

thickness of 0.80 ± 0.21nm, was obtained from bottom up reaction of citric acid and urea 

under microwave irradiation. Nitrogen atoms were introduced on the graphene basal 

plane such as graphitic nitrogen, prydinic nitrogen and pyrollic nitrogen. They also have 

oxygen rich functional group mainly distributed at the graphene edges. Therefore, the 

NQD are electrically insulating. Carbon black  is the produced from the incomplete 

combustion of heavy petroleum products. These particle like carbon materials are high 

conductive with an average size of 50nm. They are electrochemically inactive and widely 

employed as the conductive carbon for the fabrication of electrode of Lithium ion battery.  

        Without adding external nucleus,  the smallest diameter of CADS nanowires can be 

reached  is around 150 nm (Fig.2.2.1.2 a). With the introduction of ME-LOGr nanosheets 

in the system prior to CADS crystallization, the average diameter of the final product is 

around 100 nm with minimum diameter of 20 nm (Fig.2.2.1.4 a), which is much thinner 

than the smallest ones achieved  without seeding templates.When 1 D MWCNTs were 

introduced, the resulted CADS wires has similar average diameters as the ones achieved 



34 
 

 

without seeding templates, while they are relatively long (up to 30µm). Very interesting, 

we also found that these nanowires well aligned in the same direction with several 

MWCNTs wrapping around some of the nanowires. (Fig.2.2.1.4 b). When NQDs were 

employed, uniform nanowires with average diameter of 50nm were obtained (Fig.2.2.1.4 

c). When the commonly used conductive additive for lithium ion battery – carbon black- 

was used, the final product was not very uniform in size and shape (Fig.2.2.1.4 d). This 

might be due to the poor dispersity of CB in acetone, due to the lack of oxygen 

containing functional groups, large amount of CB aggregates were observed by SEM. 

Thus, it cannot serve as an effective nucleus to promote the heterogeneous crystallization.  

 

Fig.2.2.1.4 SEM images of CADS products with different carbon materials as seeding 
template: a ME-LOGr; b MWCNT; c NQD, and d CB. 
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2.2.2 Electrochemical evaluation of self-assembled organic nanowires as cathode 
material for Lithium ion battery 
         Crystal CADS micropillars with the width of 10 μm and length longer than 100μm 

(Fig. 2.2.2.1 a) were obtained by directly recrystallizing CADS from water, and are used 

as control samples. Due to the insulating nature of CADS, the large particle size will 

significantly increase the transportation resistance of Li-ion and electron in the CADS 

micropillars. The large size and small surface area of CADS micropillars also result in 

poor contact between CADS and conductive carbon, thus remarkably reducing the charge 

transfer reaction kinetics. To improve the lithiation/delithiation kinetics, CADS 

microwires with an average diameter of about 4 μm (Fig. 2.2.2.1 b) and CADS nanowires 

with a mean diameter about 150 nm (Fig. 2.2.2.1 c & d) were fabricated at room 

temperature, using anti-solvent crystallization method.  
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(a) (b)

 

(c)  (d)  

Fig 2.2.2.1. SEM images for CADS micropillar (a), CADS microwire (b) and CADS 
nanowire (c, d).  

        The crystal structures of three CADS samples were identified by the X-ray 

diffraction (XRD) method. The XRD patterns shown in Fig. 2.2.2.2, reveal that the 

CADS micropillar, CADS microwires, and CADS nanowires have the same crystal 

structure. No impurity peak is observed in these three CADS samples. The fact that the 

peak intensity of CADS nanowires is stronger than that of CADS micropillars and CADS 

microwires, revealed that CADS nanowires have high crystallinity and relatively uniform 

crystal size.  
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Fig. 2.2.2.2. XRD patterns of CADS micropillars, CADS microwires and CADS 
nanowires. 

        The charge and discharge profiles for CADS micropillars, CADS microwires, and 

CADS nanowires in the second cycle were measured at a current density of 0.2 C (1 C is 

defined as 288 mA g-1) and are shown in Fig. 2.2.2.3 a. The lithiation potential decreases 

and delithiation potential increases as the size of CADS wires increases. The cyclic 

voltammetry (CV) of three CADSs with different diameters in Fig. 2.2.2.3 b-d shows a 

peak at 1.6 V with a small shoulder at 2.1 V in lithiation, and a peak at 2.0 V with a small 

shoulder at 2.6 V in delithiation, demonstrating that CADS undergoes a two-step reaction 

with lithium ions. The two carbonyl groups connected by carbon-carbon double bond 

react with lithium ions step by step. The potential hysteresis (ΔV) between the cathodic 

peak and anodic peak is 0.62 V for CADS micropillars, 0.47 V for CADS microwires and 

0.30 V for CADS nanowires.  The lowest overpotential for CADS nanowires indicates its 

better reversibility of the redox reaction than CADS micropillars and CADS microwires. 

The increase of potential hysteresis with wire size also confirms that 

lithiation/delithiation kinetics decreases with the increase of wire size. The equilibrium 

potentials of CADS are estimated by averaging the lithiation and delithiation potential. 
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The equilibrium lithiation potentials of CADS are 1.8 V and 2.35 V. As shown in CV 

curves in Fig. 2.2.2.3, the lithiation peak potential slightly increases to more positive 

value with lithiation and delithiation cycles.  

 

(a) (b)  

(c) (d)   

Fig. 2.2.2.3. Electrochemical performance of CADS micropillars, CADS microwires and 
CADS nanowires. (a) Charge and discharge curves of CADS micropillars, CADS 
microwires and CADS nanowires for the second cycle; Cyclic voltammograms for CADS 
micropillars (b), CADS microwires (c), CADS nanowires (d). 

        To explore the mechanism for two-step reaction and potential shift, the first 

principle DFT calculation is applied to calculate the lithiation process. Table 2.2.2.1 

collects the values of the total electronic bonding energy of various species involved in 

the reduction of CADS. Table 2.2.2.2 collects the calculated reduction potential of the 

CADS with respect to a lithium electrode potential.  
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TABLE 2.2.2.1: Total bonding energy and HOMO-LUMO gap in eV. 

Compound Bonding Energy (eV) Homo-Lumo gap (eV) 

Na2CA -96.2954 3.39 

Li2CA -98.4320 3.88 

Li3CA -101.4177 2.13 

Na2LiCA -99.1397 1.25 

Na3LiCA -100.6417 0.61 

Na2Li2CA -101.9261 0.96 

Li4CA -104.3329 1.94 

Li -0.4295  
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TABLE 2.2.2.2: Summary of the calculated electrochemical potentials from the 
energies in Table 2.2.2.1. 

Electrochemical process Potential # of electrons 

Na2CA + Li  Na2LiCA 2.42 1 

Na2LiCA + Li  Na2Li2CA 2.36 1 

Na2CA + 2Li  Na2Li2CA 2.39 2 

Li2CA + Li  Li3CA 2.56 1 

Li3CA + Li  Li4CA 2.49 1 

Li2CA + 2Li  Li4CA 2.52 2 

 

        Fig. 2.2.2.4 schematically reports the energy levels of Na and Li croconate for the 

three reduced forms considered. The potentials in Table 2.2.2.2 indicate that the one-

electron and the two-electron reduction of CADS occur at very similar potentials. The 

sequential one-electron reductions are estimated to be 2.42 V and 2.36 V, which is higher 

than the equilibrium potential demonstrated by CV scans (2.35 V and 1.8 V). The large 

potential difference (2.36-1.8=0.56V) in second step reaction is probably attributed to the 

strain overpotential, induced by the volume expansion at high lithiation levels. A large 

strain overpotential of 0.6 V was reported for lithiation of Sn38. Due to the low strain at 

low lithiation level, the calculated potential in the first step reaction is similar to 
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measured potential in CV. However, the calculations are unable to ascertain whether the 

electrochemical potentials result from a concerted two-electron process or two sequential 

one-electron processes. Analyzing the overall stability of the sodium and lithium 

croconate indicates (see Table 2.2.2.1) that lithium croconate forms a more stable crystal 

than the sodium salt. Thus, it is possible that the CADS undergo a chemical exchange 

from sodium croconate to lithium croconate. For this reason, additional simulations were 

carried out for the reduction of lithium croconate. The simulations showed that the 

reduction potential for Lithium croconate is 2.56 V and 2.49 V for the single one-electron 

processes, respectively. Thus, if a counter ion exchange occurs during the CV scans, the 

reduction potential should slightly increases, which is in well agreement with CV scans in 

Fig. 2.2.2.3. The simulations qualitatively reproduce the potentials determined 

experimentally and predict a possible Sodium-Lithium exchange during the lithiation and 

delithiation of CADS electrode. Such prediction is further confirmed by Inductively 

Coupled Plasma (ICP) test. A fresh CADS electrode and a CADS electrode (after first 

cycle) are dissolved in water separately, and then Li+ and Na+ concentration in water was 

measured by ICP. The result shows that the concentrations of Li+ and Na+ in fresh 

electrode are 0 and 0.135 mg L-1, respectively, while the concentrations of Li+ and Na+ in 

cycled electrode are 0.103 mg L-1 and 0.020 mg L-1, demonstrating that most of sodium 

ions in CADS are exchanged by lithium ions. 
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Fig. 2.2.2.4. Calculated energy levels of NaCA and LiCA. Potentials shown are 
referenced to the Li electrode. 

        The cycling performance of CADS electrodes is shown in Fig. 2.2.2.5 a. The 

specific capacities of CADS micropillars, CADS microwires and, CADS nanowires 

decrease a little in the first 10 cycles, and then it becomes very stable for CADS 

micropillars, and even begin to increase back to original capacity at 110 cycles for CADS 

nanowires, and slightly lower than initial capacity at 110 cycles for CADS microwires, 

which are consistent with CV results. This kind of cycling behavior is also observed in 

nano-Si/C composite39. At initial cycles, the electrolyte does not fully penetrate to the 

entire electrode, leading to large overpotential and slow kinetics. Upon cycling, the large 

volume expansion and shrinkage of CADS increase the porosity of the CADS electrodes, 

allowing electrolyte penetrate to the entire electrode, thus shortening the ion diffusion 

pathway and lowering the overpotential. The faster kinetics enhances the utilization of 

organic electrode, resulting in capacity increase. The reversible capabilities of CADS 

micropillars, CADS microwires, and CADS nanowires measured at a current density of 
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0.2 C are 85 mAh g-1, 132 mAh g-1, and 177 mAh g-1, respectively. CADS nanowires 

retain their initial capacity after 110 deep charge/discharge cycles. 

        Since CADS is an insulating material, lithium ions and electrons cannot be easily 

transported into the inside of bulk CADS materials. However, the smaller size and larger 

surface area of CADS nanowires enable more CADS to react with lithium ions, and 

lithium ions can quickly transfer to inside of CADS, so the specific capacity and rate 

capability of CADS nanowires is much higher than that of CADS micropillars and CADS 

microwires. The rate capability of CADS micropillars, CADS microwires, and CADS 

nanowires are shown in Fig. 2.2.2.5 b. With the current density increases from 0.1 C to 

0.75 C, the specific capacity of CADS micropillars decreases rapidly from 125 mAh g-1 

to 7 mAh g-1.  Although the capacity of CADS microwires is still 48 mAh g-1 at the 

current density of 0.75 C, the specific capacity of CADS microwires decreases from 160 

mAh g-1 to 11 mAh g-1 when the current density increases from 0.1 C to 2 C, indicating 

the inferior rate performance of CADS microwires, due to the large diameter (~4 μm) of 

microwires. On the contrary, the smaller size and larger surface area of CADS nanowires 

can shorten the lithium ion diffusion length and enables better contact between CADS 

and conductive carbon. Therefore, CADS nanowires retain 50% of their initial capacity 

(200 mAh g-1) subjected to the current density up to 6 C. After the current density returns 

to 0.1 C, the capacity of CADS nanowires recovers to its initial capacity, immediately. 

Hence, from the electrochemical performance of CADS micropillars, CADS microwires, 

and CADS nanowires, we can conclude that nanowire structure makes great contribution 

to the high capacity and high power density of CADS materials. 
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(a)  

(b)  

Fig. 2.2.2.5. Cycle life (a) and rate capability (b) of CADS micropillar, CADS microwire 
and CADS nanowire. (1 C is defined as 288 mA g-1) 

        The reaction kinetics of CADS materials was investigated by using electrochemical 

impedance spectroscopy (EIS). The high frequency semicircle represents the interface 

resistance includes contact impedance or SEI impedance, and charge transfer impedance, 

while the low frequency line stands for ion diffusion resistance. As shown in Fig. 2.2.2.6, 

both the interface and diffusion impedances of CADS nanowires are significantly lower 

than that of CADS micropillars and CADS microwires, indicating the lower interface 

resistance and better kinetics of CADS nanowires. The interface resistance of CADS 
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nanowires is about 50 Ohm, while that for CADS micropillar electrode and CADS 

microwire electrode have much higher value of 300 Ohm and 750 Ohm, respectively. 

The impedance results confirm that the high capacity and superior rate capability of 

CADS nanowire is due to the large electrochemical reaction interface and short Li 

diffusion pathway. 

 

Fig. 2.2.2.6. EIS spectra for CADS micropillar electrode, CADS microwire electrode and 
CADS nanowire electrode. (The inset is magnification of the semi-circle of CADS 
Nanowire)  

        The morphology of CADS micropillar, CADS microwires, and CADS nanowires 

after 110 cycles were investigated by SEM. As shown in Fig. 2.2.2.7 a, several micro-size 

short rods can be found around the large size CADS micropillars, demonstrating severe 

pulverization which occurred after 110 charge/discharge cycles. The CADS microwires 

maintain their morphology after 110 cycles (Fig. 2.2.2.7 b), but few short CADS rods and 

microcracks (induced by the large strain during repeated charge/discharge cycles) can 

still be observed. Different from CADS microwires, CADS nanowires preserve their 

morphology after 110 cycles in Fig. 2.2.2.7 c, no cracks and pulverization can be 

observed. The good morphology maintenance of CADS nanowires enables its high 
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cycling stability. Graphitic illustration was also depicted in Fig. 2.2.2.8. During repeated 

lithiation/delithiation, CADS will gradually convert to croconic acid dilithium salt 

through ion exchange, as suggested by theoretical calculation and evidenced by the 

potential shift in CV scans and reduction of Na+ concentration in cycled CADS electrode. 

More importantly, CADS nanowire with small size (150nm) and large surface area, can 

effectively avoid pulverization and enables stable contact between CADS and carbon 

black, providing high capacity, high rate capability and long cycling stability. Due to the 

large size of CADS microwire, large volume change exists and leads to the formation of 

cracks and microcracks, as evidenced by SEM images of cycled CADS microwires. The 

microcracks which lose contact with carbon black are not electroactive, resulting in 

capacity decline in the initial cycles. Therefore, nano-size CADS exhibits much better 

electrochemical performance than micro-size CADS. 

 

(a)  
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(b)     

(c)  

Fig. 2.2.2.7. SEM images for CADS micropillars (a), CADS microwires (b) and CADS 
nanowires (c) after 100 cycles. 

 

Fig. 2.2.2.8. Schematic illustration of lithiation/de-lithiation mechanism for croconic acid 
disodium salt. 
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2.3 Conclusion: 

        Anti-solvent assembly method was introduced (with and without external nucleus) 

to the fabrication of organic electrode materials with controlled size. The CADS wires 

were employed as the model compound to study the size effect of organic electrode 

materials. The CADS nanowires with small diameter and large surface area showed high 

capacity, long cycle life, and excellent rate capability, due to their short Li-ion and 

electron diffusion pathway, large surface area, and low strain. CADS nanowires retained 

their initial capacity after 110 deep charge/discharge cycles at a low current density of 0.2 

C, and delivered a high capacity of 100 mAh g-1 at 6 C. The theoretical calculation shows 

that the CADS wires gradually will change into a more stable lithium croconate through 

ion exchange process during lithiation/delithiation. The ion exchange process was 

confirmed by ICP method, which showed the high content of lithium ion and low content 

of sodium ion in the cycled CADS electrode. Since the nano-organic material exhibits 

superior electrochemical performance, our research work paves the way for further 

improvement of organic battery performance in the future studies. 

2.4 Materials and methods: 

Materials  

Synthesis of Microwave-enabled low oxygen nano graphene (ME-LOGr) 

0.2ml water and 20 mg of graphite were mixed with 7ml concentrated sulfuric acid and 

water in a round-bottom flask. The mixture was then swirled and cooled in an ice bath for 

approximately 5 mins. 2.8ml concentrated nitric acid was then added. The entire mixture 

is swirled and mixed for another 30 s and placed into the microwave reactor chamber. 
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The reaction mixture was subjected to microwave irradiation (300 W) for 30 s. 

Subsequently, the reaction was quenched with 200 mL of deionized water, filtered 

through an alumina anodic filter (0.02 μm pore size), and washed with 800 mL of 

deionized water. The cake on the membrane was then re-dispersed into water with 30 min 

of bath sonication. The dispersed product was then left undisturbed for five days to let the 

unexfoliated graphite particles precipitate out. 

Synthesis of Nitrogen doped graphene quantum dots 

0.21g of Citric Acid (1.1mmols) and 0.18g of Urea (3.5mmols) were dissolved in 1 ml 

water. The solution was then dried in the vacuum oven at 8000C for 2 hour, to remove the 

majority of water. The mixture was then put into the microwave reaction chamber (CEM, 

discover). Subsequently, the reaction mixture was subjected to microwave radiation 

(300W) for 40s. The orange brown powder obtained from the reaction was then dispersed 

in 25ml water via bath sonication. The quantum dots dispersion was then centrifuged at 

8500 rpm for 15mins and the supernatant was collected for dialysis.  

 

Fabrication of CADS nanowires:  

The bulk materials were purchased from Sigma Aldrich. 0.75 mL CADS aqueous 

solution with a concentration of 0.2 mg mL-1 was added into 12 mL acetone in the bath 

sonication. After 10 minutes of sonication, the yellow precipitation was collected through 

filtration. Several bottles of above sample were collected for further characterization. 

CADS microwires were prepared with the same method, (but is not a formal word 

normally) a higher concentration (2 mg mL-1) of CADS aqueous solution was used. 
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Fabrication of CADS micropillars: the as received CADS powder was directly dissolved 

in water to prepare 5mg/ml CADS water solution. Then, the 5mg/ml CADS water 

solution was cast on the stainless steel foil and kept at room temperature for 48 hours to 

dry. The resulting sample was collected for further characterization. For the seeding 

sample, the carbon materials (CNT, ME-LOGr, NQD, and carbon black) were dispersed 

in acetone with the concentration of 0.1mg/ml. 200µl of 0.2mg/ml CA/water solution was 

added into 12ml of acetone with the existing of carbon material. Sample was collected 

with filtration for further characterizations. Multi-wall carbon nanotubes (MWCNT) were 

kindly supplied by Cnano Technology Limited. Carbon black was purchase from MTI 

Corporation.  

 

 

Characterizations: Scanning electron microscopy (SEM) image was taken by Hitachi 

S4800 analytical ultra-high resolution SEM (Japan). X-ray diffraction (XRD) pattern was 

recorded by Bruker Smart1000 (Bruker AXS Inc., USA), using CuKα radiation.  

Inductively Coupled Plasma test: Inductively Coupled Plasma (ICP) test was performed 

on PerkinElmer Optima 4300 DV ICP-Optical Emission Spectrometer. Both the fresh 

electrode and cycled electrode were dissolved in deionized water by using bath sonication. 

The cycled electrode was immersed in diethyl carbonate for 48 hrs to remove the LiPF6 

salt prior to ICP test. Six standard solutions with the Li+ or Na+ concentration of 0.0 mg 

L-1, 0.025 mg L-1, 0.05 mg L-1, 0.1 mg L-1, 0.25 mg L-1, and 0.5 mg L-1 were prepared to 

obtain a standard relationship between peak intensity and the concentrations of lithium 

ion and sodium ion, using ICP method. The concentration of lithium ion and sodium ion 
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in fresh electrode and cycled electrodes was obtained, using the standard relationship 

between peak intensity and the concentrations of lithium ion and sodium ion. 

Electrochemical Measurements: The recrystallized CADS, CADS microwires and CADS 

nanowires were mixed with carbon black and Polyvinylidene fluoride (PVDF) binder to 

form slurry at the weight ratio of 70:20:10, respectively. The electrode was prepared by 

casting the slurry onto the aluminum foil, using a doctor blade, and dried in a vacuum 

oven at 100 °C overnight. The electrode was cut into circular pieces with diameter of 1.2 

cm for coin cell testing, with the area mass loading of  ~0.8 mg cm-2. Li ion batteries 

were assembled with lithium metal as the counter electrode, 1 M LiPF6 in a mixture of 

ethylene carbonate/diethyl carbonate (EC/DEC, 1:1 by volume) as the electrolyte, and 

Celgard®3501 (Celgard, LLC Corp., USA) as the separator. Electrochemical 

performance was tested, using Arbin battery test station (BT2000, Arbin Instruments, 

USA). Capacity was calculated on the basis of the mass of CADS micropillar, CADS 

microwires or CADS nanowires. Cyclic voltammogram were recorded at a scan rate of 

0.1 mV/s between 0.8 – 2.8 V, using Solatron 1260/1287 Electrochemical Interface 

(Solatron Metrology, UK). Impedance analysis was also performed by Solatron 

1260/1287 Electrochemical Interface. 

Calculations were performed with the Amsterdam Density Functional (ADF) suite of 

software, using a triple-zeta with polarization basis set. ADF uses Slater-type orbitals 

(STOs), as opposed to most quantum-chemistry codes which use Gaussian-type orbitals. 

STOs feature correct decay at long distances and accurately describe the nuclear-electron 

cusp. 
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 Chapter 3. Micelle formation of graphene quantum dots and its 

application as the soft template for the growth of nanomaterial with 

control size and shape for Lithium ion battery 

 

3.1 Introduction 

        Development of high energy rechargeable Lithium ion battery has attracted 

tremendous attention due to the increasing energy demand in the application of portable 

electronics and electrical vehicles1-3. The currently used inorganic cathode materials (e.g., 

LiCoO2 and LiFePO4) for Lithium ion batteries are restricted by their theoretical specific 

capacity, making it difficult to improve their energy density. Extensive efforts have been 

devoted into investigation of alternative cathode materials with high energy density. 

Among them, element sulfur is an intriguing candidate with theoretical capacity of 

1,673mAh/g, more than five times higher than the commercial Lithium transition metal 

oxide cathode. In addition, element sulfur is naturally abundant, low cost with low 

toxicity4,5. Current challenges for the practical use of Li-S technology including: poor 

electronic conductivity of element sulfur; heavy dissolution of intermediate polysulfide 

and large volume expansion during charge/discharge cycles6-8. In order to alleviate the 

above problems, major efforts have been focused on fabrication of core-shell structure, 

using physical barrier to restrain element sulfur and its dissolvable polysulfide 

intermediate. For example, nanostructured carbon materials (mesoporous carbon, Carbon 

nanotube and graphene), conducting polymers (polyaniline, polypyrrole, and poly(3,4-
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ethylenedioxythiophene) and metal oxide (TiO2)
9-13 have been successfully employed for 

sulfur cathode fabrication with satisfactory cycle stability. Despite the success in 

obtaining stable performance in the short term, the sulfur loading is relatively low and the 

fabrication process is complicated. The construction of core shell structure always 

involved with multiple steps which are time and energy consuming. 

        Graphene oxide can be viewed as novel two dimensional amphiphile since it can be 

easily dispersed in water and certain level of hydrophobic domain can be directly 

visualized on its basal plane using high resolution TEM14. Jiaxin Huang et al have 

reported that graphene oxide can be used as colloidal surfactant to stabilize oil water 

interface and dispersing agent to solubilize hydrophobic carbon nanotube in water15. It 

has also been demonstrated that the liquid crystal phase can be formed in GO aqueous 

dispersion, which revealed that GO sheets can orient themselves in a certain manner 

(Nematic phase) in aqueous solution. The property of graphene oxide is highly size 

dependent. As the size of the graphene oxide decreases, the fraction ratio of GO required 

for liquid crystal phase formation increases16. In fact, when size of graphene oxide 

decreases to nano-meter range, usually referred as graphene quantum dots, no liquid 

crystal phase formation has been reported. Besides, graphene quantum dots also showed 

higher charge density and stability in water with high salt concentration, compared with 

the large size GO15. Thus, a drastic change of the arrangement behavior of graphene 

quantum dots in aqueous solution would also be expected. 

        Herein, we successfully employed graphene quantum dots as the soft template, 

reporting a one-step,   bottom up method for sulfur@graphene core-shell composite 

fabrication with various shapes (Spherical, nanosheet, nano-wires), by utilizing the 
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unique amphiphilicity of graphene quantum dots. We found, for the first time, the 

graphene quantum dots undergo micelle formation in aqueous solution. The size and 

shape of the graphene micelle can be easily adjusted by changing the solution condition 

(ionic strength, dielectric constant) and it determine the size and shape of the resulted 

sulfur@graphene core-shell composite material. Our sulfur source, H2S, a major air 

pollutant, was directly converted as the sulfur cathode, which opens up a potential route 

toward effective pollution control.  

3.2 results and discussion 

3.2.1 Micelle formation of graphene quantum dots in aqueous solution and its 

multiple roles in sulfur generation with core-shell structure via one step reaction. 

 

Fig. 3.2.1.1 SEM (a) STEM(b) image of as prepared sulfur particles from H2S H2O2 
reaction in the existence of NQD; STEM (c) image of empty shell after sulfur removal 
via heat treatment. 

        The sulfur products from H2S H2O2 reaction in pure water are large aggregates of 

particles with various shapes. Spherical shape of sulfur@graphene core-shell composite 

was obtained when graphene quantum dots were present. Mono-dispersive S nanospheres 

with average diameter of 400nm were obtained when H2S was bubbled into graphene 

quantum dots water solution (containing 0.5% H2O2 as the oxidant) at the flow rate of 75 

sccm for one min, as demonstrated by SEM and STEM observation in Fig.3.2.1.1 a and 
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(b), respectively. More interestingly, the removal of element sulfur by heat treatment 

result in transparent shell leftovers (Fig.3.2.1.1 c). Thus, core shell sulfur@graphene 

composite material was directly obtained by a one-step reaction. The size and shape of 

the final sulfur@graphene composite material was a replication of the size and shape of 

the pre-formed graphene quantum dots micelle in the solution. In water, the electrostatic 

repulsion force of the ionizable edge group tends to push all the individual sheets apart. 

However, if they are pushed too far apart, all of their hydrophobic domain will be 

accessible by water. The free energy will be increased due to the hydrophobic effect. 

Thus the hydrophobic effect will tend to keep the graphene quantum dots closely packed 

while the repulsive (electrostatic) forces tend to push them apart. The balance between 

these opposing forces will lead to an optimum sheets spacing and orientation. For 

graphene quantum dots, the repulsion force is adjustable up on changing the solution 

condition. The characteristic thickness of the electric double layer is the Debye length ƙ 

can be predicted by the following equation (1) 

                                                 equation3.2.1.1 

        I is the ionic strength of the electrolyte, ε0 is the permittivity of free space, εr is the 

dielectric constant, kB is the Boltzmann constant, T is the absolute temperature in kelvins, 

NA is the Avogadro number. e is the elementary charge. The above equation revealed that 

the repulsion force between the individual graphene quantum dots will become smaller 

with the addition of salt (increase of ionic strength) or with the introduction with solvent 

with relatively low dielectric constant. As a result, aggregation number will be increased 

since more graphene can be incorporated into micelle formation due to the decrease of 
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repulsion forces, a change of either the size or shape of the graphene quantum dots 

micelle can be expected. To prove this concept, we introduced certain level of ionic 

strength and ethanol for the sulfur generation in the present of graphene quantum dos, 

respectively.  

 

Fig. 3.2.1.2 SEM of sulfur@graphene composite material from H2S H2O2 reaction in the 
present of graphene quantum dots (a) with the addition of 0.5M Na3PO4, (b) with the 
addition of 1M Na3PO4;(c)H2O:Ethonal (1:1) mixed solvent system; STEM (d) image of 
empty shell after sulfur removal via heat treatment from (c). 

        With the same graphene quantum dots concentration (75µg/ml), the addition of salt 

leads to dramatic change of the size and uniformity of sulfur product. The obtained 

sulfur@graphene composites are still spherical in shape. However, the average size of the 

spheres increase dramatically, 500nm to 1µm (Fig.3.2.1.2 a) in the present of 0.5M 

Na3PO4 and 1µm to 1.5µm (Fig.3.2.1.2 b) in the present of 1M Na3PO4, respectively. In 

the case of adding ethanol, the dielectric constant of the mixed solvent system decreases 
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and so does the repulsion force between the individual graphene quantum dots. Very 

interestingly, sulfur@graphene core-shell composite generated in this solvent media 

(H2O2: EtOH=1:1) was a mixture of spherical, planner (nano sheet) and cylindrical 

(nano-wire) shape (Fig.3.2.1.2. c). The graphene shell was again captured by the STEM 

observation after sulfur removal by heat treatment for the composite material with 

different geometry (Fig.3.2.1.2 d). The above observations strongly support our 

assumption that the size and shape of the final sulfur@graphene composite material was a 

replication of the size and shape of the pre-formed graphene quantum dots micelle in the 

solution. In fact, traditional polymer micelles were actively employed for the growth of 

inorganic particles with controlled size and shape. For example, poly-vinylpyrrolidone 

(PVP) micelle was successfully used as the soft template to grow gold, Si and element 

sulfur nanoparticles with controlled size and shape6,17.  

 

 

Fig. 3.2.1.3 Critical micelle concentration determined by conductivity measurement: (a) 
Regular graphene quantum dots; (b) Nitrogen doped graphene quantum dots; (c) 
Microwave-enabled low oxygen nano graphene. 
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        In colloidal and surface chemistry, the critical micelle concentration (CMC) is 

defined as the concentration of surfactants above which micelles form and all additional 

surfactants added to the system go to micelles formation. We used conductivity 

measurement to determine the CMC of our nano-carbon materials in the aqueous solution. 

The electrical conductivity of a solution is measured by determining the resistance of the 

solution between two cylindrical electrodes separated by a fixed distance. An alternating 

voltage is used in order to avoid electrolysis18. Below the CMC, the addition of graphene 

quantum dots to an aqueous solution causes an increase in the number of charge carriers 

and consequently, an increase in the conductivity. Above the CMC, further addition of 

graphene quantum dots increases the micelle concentration while the number of separated 

individual graphene sheet remains approximately constant (at the CMC level). Since a 

micelle is much different in size and charge density compare with individual sheet, their 

efficiency of functioning as the charge carrier will also be different. Even though an 

increase of conductivity will still be observed, the plot of conductivity against graphene 

quantum dots concentration is, thus expected to show a break at the CMC. Three types of 

graphene quantum dots were studied for their aggregation behavior in the solution. Nano 

size graphene oxide, which was referred as regular graphene quantum dots (RQD), was 

prepared by the top down method from graphite powder via mixed acid and KMnO4 

treatment19.  Nitrogen doped graphene quantum dots (NQD) was obtained from bottom 

up reaction of citric acid and urea under microwave irradiation. Microwave-enabled low 

oxygen nano graphene (ME-LOGr) with π-conjugated aromatic structures and properties 

largely retained was prepared via a one-step reaction we reported previously20. The CMC 

of RQD, NQD and ME-LOGr has been identified as 1.64µg/ml, 1.17µg/ml and 
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1.14µg/ml, respectively as shown in Fig. 3.2.1.3. The decrease of the slop for both RQD 

and NQD revealed that the large size micelle diffuse slower than the individual sheet in 

electric field , which is consistent with the observation of tradition ionic surfactant such 

as sodium dodecyl sulfate (SDS). On the contrary, a jump of slop was observed for ME-

LOGr. This might due to the fact that the lacks of ionizable edge groups make it a less 

efficient charge carrier as individual sheet in water. However, since it’s conductive by 

itself, with the increase of its concentration, when percolation threshold was reached 

where long term connectivity was realized, a drastic increase of conductivity was 

observed. 

 

Fig. 3.2.1.4 Camera pictures of a)Pure water; b)no heterogeneous catalyst for H2S H2O2 
reaction ; c) Conductive nano graphene as the seeding template and catalyst; d) Regular 
graphene quantum dots as the seeding template and catalyst; e)Nitrogen doped graphene 
quantum dots as the seeding template and Catalyst 
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         Apart from being as the soft template for sulfur growth, graphene quantum dots 

were also found to be able to function as the catalyst for H2S oxidation reaction with  

H2O2 as an environmental benign oxidant.  The catalytic activity of ME-LOGr, RQD, 

NQD toward this reaction was studied. As illustrated in Fig.3.2.1.4 b, Sulfur generation 

by bubbling H2S directly into 0.5% H2O2 solution for 30 seconds at the flow rate of 75 

sccm is observable compared with Fig. 3.2.1.4 a(pure water), but not efficient. By 

introducing the ME-LOGr prior for the H2S bubbling, slightly increased sulfur particle 

generation is observed (Fig.3.2.1.4 c). With the introduction of RQD (Fig.3.2.1.4 d) or 

NQD (Fig.3.2.1.4 e), the yield of sulfur particles have been much improved. NQD shows 

the highest catalytic activity at the same reaction condition. The nature of catalytic 

activity of these carbon materials may originate from their catalytic ability toward H2O2 

reduction. In order to verify this, UV/Vis spectroscopy was adopted to study the 

interaction between the NQD and H2O2.  
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Fig.3.2.1.5 (a) UV/Vis absorption spectra of NQD in a pH 6.8 Phosphate buffer solution, 
change as a function of time after addition of 300 mM H2O2; (b) UV/Vis absorption 
spectra of NQD in a pH 6.8 phosphate buffer solution, change as a function of H2O2 
concentration. The concentration of NQD is 27 μg/mL.  

        Fig. 3.2.1.5 shows a typical set of time dependent and H2O2 concentration dependent 

UV/Vis absorption spectra of NQD at pH=6.8 buffer. The absorption peak at 398nm is 

ascribed to electron transition of n →  π* for C=N of NQD21.  It’s found that the 

absorption intensity of the major peak at 398nm of NQD decreases with increase of both 

the addition time of H2O2 and H2O2 concentration, as depicted in Fig. 3.2.1.5 a and Fig. 

3.2.1.5 b, respectively. It has been reported that electron transfer from graphene (or other 

nano carbon materials such as carbon nanotube) could diminish their absorption 

intensities22. We hypothesized the strong electronic interactions between the NQD and 

H2O2 might have changed the charge density of the NQD, which induced the absorption 

diminishing. This result indicated that NQDs plays catalytic role in activating the oxidant 

H2O2, which largely facilitates its oxidation H2S to generate S particles23. 
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Fig.3.2.1.6 XPS characterization a) C 1s spectrum of nitrogen doped graphene quantum 
dots; b) N 1s spectrum of nitrogen doped graphene quantum dots; c) C 1s spectrum of 
sulfur@graphene composite; d) S 2p XPS spectrum and fitted curves for the 
sulfur@graphene composite. 

        X-ray photoelectron spectroscopy (XPS) is used to detect the elemental composition 

and functional groups of the nitrogen doped graphene quantum dots (NQD) and the 

composite material as shown in Fig.3.2.1.6. In the C 1s spectrum of NQD (Fig.3.2.1.6 a), 

four peaks at 288.88, 287.73, 285.88, and 285.00 eV, which are indexed to the O=C-O, 

C=O, C–N, and C–C groups, respectively24 . The nitrogen bonding configuration was 

also studied. In the N 1s spectrum of NQD in Fig.3.2.1.6 b, three main peaks at 401.86, 

400.39 and 399.29eV can be ascribed to graphitic N, pyrrolic N and pyridinic nitrogen in 

graphene structure, respectively25,26. C 1s spectrum of the composite material revealed 
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the same carbon environment compared with the original NQD as shown in Fig.3.2.1.6 c. 

A slight decrease of the intensity of the C=O species might result from the mild reduction 

of the NQD by the H2S. Fig. 3.2.1.6 d displays the S 2p XPS spectrum and fitted curves 

for the sulfur@graphene nanocomposite. This spectrum can be fitted by three 

components. Each component has a S 2p3/2 and 2p1/2 doublet with a fixed intensity ratio 

of 2:1 and an energy separation of 1.2 eV. The fitted S 2p3/2 components have binding 

energies of 161.59, 163.79 and 168.95 eV, which can be ascribed to S2- element sulfur (S0) 

and sulfate species, respectively27-29. The weak S2- component may be caused by the 

residual H2S during the chemical synthesis process. While the small shoulder at 167.8 eV 

can be ascribed to the sulphate species formed by oxidation of sulfur in air. Therefore, 

sulfur@graphene core-shell composite was indeed obtained. 

 

3.2.2 Electrochemical evaluation of as prepared sulfur@graphene composite and 

composite with additional polymer coating. 

        The core-shell sulfur@graphene composite materials fabricated here from graphene 

quantum dots micelle solution could be used to address some of the issues of Li-S battery. 

For example, the flexible graphene shell can function as a protection layer for 

accommodation the large volume change of element sulfur upon continuous 

charge/discharge. The continuous carbon sphere should also be able to serve as the 

reservoir to trap the soluble intermedia polysulfide species. Nitrogen doping, a strong 

interaction between the carbon material and polysulfide species was expected30-32. 

Relatively high conductivity offered by the carbon material coating is beneficial to 
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improve the rate capability of Li-S battery. The as prepared sulfur@graphene composite 

material was directly used as the cathode material for Li-S battery.  

 

Fig.3.2.2.1 cycle stability of the as prepared sulfur@graphene composite cathode 

        As presented in Fig.3.2.2.1 very high initial discharge capacity of 500mAh/g (base 

on the total weight of the composite) was obtained due to the small uniform particles size. 

Unfortunately, a rapid capacity drop was observed for the following cycles. The rapid 

capacity fading indicates the loss of active material, element sulfur, is severe during the 

charge/discharge cycle.  
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Fig.3.2.2.2 a) STEM image of “carbon shell” after sulfur removal by toluene test; 
Stability test of sulfur@graphene composite under high vacuum and electron beam 
irradiation as the function of time b)at 0 min; c)3 min and d 7 min 

        Then stability test of was carried out in toluene, which is a good solvent for the 

dissolution of element sulfur. As presented in Fig. 3.2.2.2 a, after the sulfur was fully 

removed, no free standing shell can be observed as we did from the heat treatment. Thus, 

the disassembly of the carbon sphere in the organic electrolyte might be accountable for 

the fast capacity fading since no more protection after the graphene shell disassembled. 

Besides, we found that in the STEM environment (with high vacuum level and electron 

beam irradiation), element sulfur in the sulfur@graphene sublime automatically after 

certain period of time (Fig.3.2.2.2 b-d). Therefore, porous structure must be existed in the 

graphene shell of the as prepared composite. Besides, it should be notice that the as-

prepared core-shell composite is stable is aqueous solution since all electron microscopy 

characterization was carried out after the sample thoroughly clean by distilled water. 

Therefore, the organic electrolyte and harsh electrochemical testing conditions were 
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responsible for the disassembly of the graphene shell. In turns, the element sulfur will be 

fully exposed to the electrolyte once the shell was disassembled. Polysulfide was then can 

be dissolved into the electrolyte after it was formed during the discharge process. The 

loss of active material is accountable for the poor cycle stability. 

 

Fig. 3.2.2.3 STEM images of a) left over of Poly(3,4-ethylenedioxythiophene) coated 
sample after toluene test; b) left over of Poly-dopamine coated sample after toluene test; c) 
Poly-dopamine coating composite sample before toluene test at 0min; d) Poly-dopamine 
coating composite sample before toluene test at 40min. 

        Additional post coating, such as Poly(3,4-ethylenedioxythiophene) (PEDOT) and 

poly-dopamine, on the existing graphene shell were applied in order to improve the 

stability of the overall core-shell structure. As presented in Fig. 3.2.2.3 a, after toluene 

test, the leftover shell still exhibit spherical shape as the original composite particles. 

However, large amount of disassembled graphene sheet can still be directly observed. On 

the other hand, sample with additional poly-dompamine coating presents shell integrity 
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after toluene test as shown in Fig. 3.2.2.3 b. Furthermore, compared with original 

sulfur@graphene composite, the poly-dopamine coated sample shows much improved 

stability under high vacuum and electron beam irradiation. Fig. 3.2.2.3c and Fig. 3.2.2.3d 

present the STEM images of poly-dopamine coated sample at 0min and 41min, 

respectively after loading into the STEM sample chamber. Even though the STEM 

observation shows shell integrity, the fact the element sulfur can still be dissolved out of 

the shell by toluene, indicates that porous structure still existed on the shell. Therefore, 

upon exposing to solvent/electrolyte, the core materials can still be on direct contact due 

to the solvent/electrolyte penetration through the porous shell, which leads to dissolution 

of the core materials out of the shell. Hence, both PEDOT coated sample and poly-

dopamine still displayed unsatisfactory cycle stability. Further improvement will be 

carried out in our group. 

3.3 Conclusion 

        In conclusion, sulfur@graphene core-shell composite was fabricated through a novel 

one-step,   bottom up assembly method. The unique amphiphilicity of graphene quantum 

dots was employed for the sulfur growth. For the first time, the graphene quantum dots 

were found to undergo micelle formation in aqueous solution. The size and shape of the 

graphene micelle can be easily adjusted by changing the solution condition (ionic 

strength, dielectric constant). When applying for sulfur growth, the size and shape of the 

graphene micelle determined the size and shape of the resulted sulfur@graphene core-

shell composite material. Our sulfur source, H2S, a major air pollutant, was directly 

converted as the core-shell composite, which opens up a potential route toward effective 
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pollution control. Further efforts on exploring this composite material for battery 

application are undergoing. 

 

3.4 Materials and methods: 

Synthesis of Nitrogen doped graphene quantum dots 

0.21g Citric Acid (1.1mmols) + 0.18g Urea (3.5mmols) were dissolved in 1ml water. The 

solution then was dry in the vacuum oven at 800Cfor 2 hour to remove the majority of 

water. The mixture was then put into the microwave reaction chamber (CEM discover). 

Subsequently, the reaction mixture was subjected to microwave radiation (300W) for 40s. 

The orange brown powder obtained from the reaction was then dispersed in 25ml water 

via bath sonication. The quantum dots dispersion was then centrifuge at 8500 rpm for 

15min and the supernatant was collected for dialysis.  

Synthesis of regular graphene quantum dots 

75ml concentrated sulfuric acid, 25ml concentrated nitric acid were mixed with 1g of 

graphite powders in a 250ml flask. The mixture was then stirred at 1000C for 24 hours. 

After neutralized with NaHCO3, the remaining mixture was subjected to filtration 

(0.02µm, polycarbonate membrane) to remove the unreacted graphite powder. The 

filtrate was collected for dialysis. 

 Synthesis of Microwave-enabled low oxygen nano graphene (ME-LOGr) 

0.2ml water and 20 mg of graphite are mixed with 7ml concentrated sulfuric acid and 

water in a round-bottom flask. The mixture is then swirled and cooled in an ice bath for 
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approximately 5 min. 2.8ml concentrated nitric acid is then added. The entire mixture is 

swirled and mixed for another 30 s and placed into a microwave reactor chamber. The 

reaction mixture is subject to microwave irradiation (300 W) for 30 s. Subsequently, the 

reaction is quenched with 200 mL of deionized water, filtered through an alumina anodic 

filter (0.02 μm pore size), and washed with 800 mL of deionized water. The cake on the 

membrane is then re-dispersed into water with 30 min of bath sonication. The dispersion 

obtained is then left undisturbed for five days to let the unexfoliated graphite particles 

precipitate out. 

 

Preparation of sulfur@graphene core-shell nano-composite 

9.5ml water, 0.25ml 35%wt hydrogen peroxide water solution was mixed with 0.25ml 

NQD solution (3mg/ml) in a 20ml glass vial. The mixture was then preheated in water 

bath at 400C for 2 min prior to the H2S bubbling. The concentrated H2S gas was then 

bubbled into the mixture solution at the flow rate of 75sccm for 60s. The glass vial was 

then capped after the 60s gas bubbling for 15min with continuous stirring. The resulted 

mixture was then subjected to repeated centrifugation and water washing to remove 

unreacted chemicals. The final product was collected by filtration with extensive washing 

with water. 

 

PEDOT coating 
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50mg as prepared sulfur@graphene nano-composite particles were dispersed in 50ml of 

water, to which 55µl EDOT monomer, 500g of camphorsulfonic acid and 300mg of 

(NH4)2S2O8 oxidant was added. The polymerization was then carried out at room 

temperature for 24 hours. The resulted mixture was then subjected to repeated 

centrifugation and water washing to remove unreacted chemicals. The final product was 

collected by filtration with extensive washing with water. 

Polydopamine coating: 

50mg as prepared sulfur@graphene nano-composite particles were dispersed in 60ml of 

pH 8.5 Tris buffer, to which 120mg dopamine was added. The polymerization was then 

carried out at room temperature for 16 hours. The resulted mixture was then subjected to 

repeated centrifugation and water washing to remove unreacted chemicals. The final 

product was collected by filtration with extensive washing with water. 

 

 

 

Characterization: Lateral dimension and thickness of the carbon materials were studied 

using a Nanoscope IIIa Multimode scanning probe microscope system (Digital 

Instruments, Bruker) with a J scanner operated in the “Tapping Mode”. Morphology and 

particle size of different samples were observed using a Hitachi S4800 field emission 

scanning electron microscopy (SEM, STEM).  
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Chapter 4. Anti-solvent assisted graphene oxide coating on various 
electrochemical active materials and its application toward flexible 

electrode fabrication 

4.1 Introduction 

        Current commercial graphite anode has already reached its theoretical limit 

(372mAh g-1). The exploration of alternative anode materials with high charge/discharge 

rates, reversible capacity, long cycle life and low cost has become an urgent task in order 

to meet the increasing demands of consumer electronics, electric vehicles and energy 

storage stations. SnO2 has been reported as a promising candidate due to its high 

theoretical capacity (782mAh g-1),	 nontoxicity and natural abundance1,2.  Its capacity for 

Lithium storage contributed to the reversible conversion reaction mostly from reversible 

alloying/ de-alloying processes of Sn with Li3,4. Recently, SnO2 anodes with specific 

capacity higher than its theoretical capacity have been reported, mainly due to the partial 

reversible conversion of Sn to SnO2 coupled with a synergistic effect with carbonaceous 

materials or other nanomaterials5-8. That is, the theoretical specific capacity of SnO2 can 

be increased from 782 to 1493mAh g-1 if the reaction is fully reversible (based on 8.4 Li 

ions). However, its practical application is limited by the severe volume change (up to 

259% 9,10) during charge/discharge cycles, poor electronic conductivity and the 

aggregation of Sn clusters during cycling, which lead to poor cycle stability1-4,9-11.  

        Compared with general strategies such as reducing particles size12-14 or dispersing 

active material into the solid matrix15-17, little attention has been devoted to binders. 

Traditional binders are insulating and electrochemically inactive, such as PVDF. They 
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were used to provide mechanical connections between active materials, conductive 

additives, and the current collector. However, the presence of the binder decreases the 

overall electrical conductivity and increases the polarization of the electrode. Recent 

works have demonstrated that polymetric conductive binders with strong mechanical 

binding force with the active material even with self-healing capability can be employed 

to address the large volume effect of anode materials. They also eliminated the need for 

the addition of conductive carbon18-20. However, the synthesis of those conductive 

polymer binders usually necessitates complex coupling reactions requiring noble metal 

catalysts and stringent reaction conditions, which were not cost effective. Moreover, 

metallic current collectors (copper foil with mass density of 8.96g/cm3) were still needed 

for electrode fabrication. Therefore, 50% or more of the mass of these anodes can be 

considered as inactive components. Meanwhile, the relative low mass loading also results 

in limited area specific capacity. 

        Graphene has been extensively studied in the area of energy storage, especially in 

LIBs, due to its unique 2D structure, flexibility, and excellent mechanical strength, 

chemical stability, along with its thermal and electrical conductivity. Further, the 

capability of largescale production with various methods at low cost, makes graphene and 

its hybrids available as high performance electrode materials in energy storage2,21-27. 

Graphene was also believed to be the perfect coating agent for high capacity anode 

material, such as SnO2 and Si, offers fast transport channel of both lithium ions and 

electrons and elastic buffer space to accommodate the volume change upon cycling24,28-30. 

Free standing, additive free graphene/active material sandwich paper can be fabricated 

simply via filtration. However, no wrinkled structure can be introduced to graphene in 



78 
 

 

this process. Therefore, the “buffering” capability of graphene is limited. Additionally, 

due to the different stability of the suspension and diffusion rate of different particles and 

graphene/graphene oxide during the filtration process, the distribution of particles in the 

graphene matrix was not uniform, which also leads to limited specific capacity and cycle 

stability2,31,32. Recently, aerosol spray drying process33 and solution ionic strength 

engineering34 have been demonstrated as the general route for achieving graphene base 

core-shell composite. However, the products from both methods are generally isolated 

“particles”. Besides, the conductivity of graphene was not nicely recovered. Therefore, 

the fabrication of electrodes still needs the addition of conductive carbon and polymer 

binders. It would be interesting to explore assembly methods to produce graphene based 

composite anodes (e.g. SnO2), for which a certain level of wrinkle structure was 

introduced to the graphene coating to maximize its “buffering” capability. In the 

meantime all graphene can still be interconnected in a way that no other component is 

needed, functioning as conductive binder. Graphene is also electrochemically active at 

low voltage window vs Li. Therefore, all components will contribute to the total capacity. 

        In this work, we developed a novel approach to rapidly and efficiently fabricate 

graphene based free standing, flexible and additive free electrode materials. This 

assembly approach is inspired by a frequently used method to purify and/or 

concentrate RNA, DNA in biochemistry. The synergy of ionic strength and dielectric 

constant change induced by a salt of low concentrations and ethonal/acetone allows for 

controllably engineering the assembled structures of graphene oxide and active materials. 

A free-standing, flexible SnO2@Graphene composite anode was fabricated and used as 

an example for high energy lithium ion battery. In this composite anode material, the 
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graphene matrix not only functions as conductive binder and current collector, but also 

contributes to the total capacity. Additionally, the unique assembly approach generates a 

large amount of wrinkles and voids, which are beneficial for the accommodation of the 

large volume expansion of SnO2 during the repeated charge/discharge cycles, which 

developed during this assembly process. A high specific capacity of 726 mAh g-1 

(calculated by the total mass) or area specific capacity of 2.2mAh cm-2 was retained after 

50 cycles for SnO2@Graphene composite anode at the current density of 500mA/g. The 

assembly method developed in this study is general, robust and easy to apply to other 

functional materials rather than battery material, which opens up an easy path to fabricate 

flexible devices. 

4.2: Result and discussion 

4.2.1: Anti-solvent precipitation method as a general route to induce graphene 
coating on various particles with different size and shape 
        An anti-solvent precipitation method, especially ethanol precipitation, has been 

widely used to purify and/or concentrate RNA, DNA in biochemistry. This is 

accomplished by adding salt and ethanol to a solution containing DNA or RNA. RNA 

and DNA are water soluble due to their highly charged hydrophilic phosphate backbone. 

For water, with a high dielectric constant of 80.1 (at 20 °C), electrostatic forces 

between charged particles are considerably lower in aqueous solution than they are 

in vacuum or in air due to the following equation: 

 

F                                   4.2.1.1 
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For which, ε0 is the permittivity of free space, εr is the dielectric constant of the solvent. 

With the presence of small amount of cations, the relatively weak net electrostatic force 

prevents them from forming stable ionic bonds with phosphate groups 

and precipitating out of solution. The introduction of ethanol, with a dielectric constant of 

only 4.3 (at 25 °C), will largely disrupt the screening of charges by water, therefore the 

columbic force of attraction increases between the cations and the negatively charged 

nucleic acid backbone. If enough ethanol is added, the electrical attraction between 

phosphate groups and any positive ions present in solution becomes strong enough to 

form stable ionic bonds and then RNA/DNA will be precipitated35,36. Previous study has 

demonstrated by Zeta potential measurement that GO is highly negatively charged when 

dispersed in water as a result of the ionization of –COOH and –OH edge functional 

group37-40. Therefore, we believed similar rules would apply for GO dispersion.   
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Fig. 4.2.1.1 camera picture of anti-solvent precipitation induced GO coating on a) 
metallic Sn; b) Lithium excess oxide (Li1.2Mn0.5Ni0.3Co0.3O2); c) Element Si; d)SnO2, 

before(small picture) and after(large picture) addition of anti-solvent. 

 

        In our method, particles of different types, sizes and shapes were first dispersed with 

GO via ultra-sonication. Due to the amphiphilicity of GO, the resulting suspension were 

more stable than the suspension without the existence of GO. GO crumbling and coating 

on to dispersed particles was realized by the addition of a small amount of salt followed 

by the introduction of anti-solvent (ethanol, acetone) as shown in the Fig. 4.2.1.1.  

Without the addition of salt, the introduction of anti-solvent only results in uniform 

suspension in a larger volume in the mixed solvent system. When 10mM LiCl was added 

to the GO/particles suspension, part of the large particles precipitate at the bottom within 

two days, while GO stayed as uniformly dispersion in the solution over weeks due to the 

limited screening effect of low salt concentration. On the other hand, with addition of 
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10mM LiCl, instant GO precipitation together with the existing particles was observed 

within 5 seconds after anti-solvent (ethanol, acetone) addition, leaving the top solution to 

be transparent. With the introduction of anti-solvent, the dielectric constant of the mixed 

solvent was drastically decreased. In turn, the columbic attraction force increased 

between the cations and the negatively charged GO. The electronic repulsion among GO 

was screened when more cations were absorbed on the GO surface. Thus, the stable GO 

dispersion was disturbed.  In this situation, with the existence of nanoparticles, GO tends 

to become crumpled, folded or directly coated onto the nanoparticles’ to minimize its 

surface energy. As a result, the GO shrinking and wrapping can be realized within 5 

seconds when anti-solvent was introduced, which is efficient for sample preparation.  

 

Fig. 4.2.1.2  SEM of anti-solvent precipitation induce GO coating on a) metallic Sn; b) Lithium 
excess oxide (Li1.2Mn0.5Ni0.3Co0.3O2); c) Element Si; d)SnO2 

 



83 
 

 

        Although the amount of salt added is small, certain level of solubility of the chosen 

salt in the anti-solvent is still required to prevent co-precipitation of salt with GO and 

dispersed particles. The morphology of the GO coated particles via anti-solvent 

precipitation was examined by scanning electron microscope as shown in Fig. 4.2.1.2, 

when LiCl (10mM) was chosen as the added salt and acetone was employed as the anti-

solvent. Metallic Sn, Lithium excess oxide (Li1.2Mn0.5Ni0.3Co0.3O2), element Si and SnO2 

were all completely and tightly coated by graphene oxide sheets as shown in Fig. 4.2.1.2. 

Wrinkled structures of GO were observed at the void space in all cases. Our method 

reported here is not limited to ionic solute; molecule solute such as NH3.H2O and acetic 

acid (1M) can also be employed as the inducer for the anti-solvent precipitation of 

GO/particle suspension. 

4.2.2: Electrochemical evaluation of free standing, additive free SnO2@Graphene 
composite anode for Lithium ion battery  
        SnO2 has been reported as promising candidate as anode material due to its high 

theoretical capacity, nontoxicity and natural abundance1,2. Its capacity for Lithium 

storage contributed to the reversible conversion reaction mostly resulting from reversible 

alloying/ de-alloying processes of Sn with Li3,4.   

                                     4Li+ +SnO2 +4e−→ 2Li2O + Sn                                       4.2.2.1 

                                     xLi+ +Sn+xe− → LixSn (0 ≤x≤ 4.4)                                 4.2.2.2 

During the first Lithiation process, 1 mole of SnO2 will react with 4 mols of Lithium ions 

and being converted to metallic Sn ( reaction 4.2.2.1) followed by the subsequent 

alloying reaction with additional 4.4 mols of Lithium ions ( reaction 4.2.2.2). However, 

the irreversibility of the reaction 4.2.2.1 leads to a specific capacity of only 782mAh/g for 
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SnO2. Recently, SnO2 anode with specific capacity higher than its theoretical capacity has 

been reported mainly due to the partial reversible conversion of Sn to SnO2 coupled with 

a synergistic effect with carbonaceous material or other nanomaterials5-8. That is, the 

theoretical specific capacity of SnO2 can be increased from 782 to 1493mAh/g if the 

reaction is fully reversible (based on 8.4 Li ions). Graphene based core-shell structure 

fabrication has been demonstrated as an effective strategy to obtain improved electrode 

performance, in terms of cycle stability and rate performance, for which graphene sheets 

can served as structural cushion layer to accommodate the huge mechanical stress 

induced during cycling and to prevent the aggregation of SnO2 nanoparticles2,8,27,41. As 

we demonstrated earlier, the time needed for the graphene based core-shell structure 

fabrication method reported here is as short as 16min (15min for particles and GO 

dispersion via ultra-sonication and one min for salt and anti-solvent addition). In fact, 

sample collection via filtration is also efficient for this reported fabrication route due to 

the depletion of hydration layer of GO by anti-solvent addition. The obtained product can 

be easily peered off from the filter paper as an integrated piece.  
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Fig. 4.2.2.1 XRD pattern of GO(black),bare SnO2(red) and SnO2@Graphene 
composite(blue) 

        To identify the crystalline structure, the XRD pattern of the GO powder，SnO2 

powder and SnO2@Graphene nano-composite were investigated (Fig. 4.2.2.1). The 

recorded XRD pattern of SnO2 powder can be well indexed to the tetragonal rutile 

structure of SnO2 particles (JCPDS 41-1445). For the GO powder, the sharp peak at 120 

(002) is a typical peak of GO, indicating an increase in interlayer spacing due to the 

oxidation and water intercalation in-between graphene layers. A broad peak at 230, which 

is more common for reduced GO, was also observed in the GO powder. The observation 

of this broad peak might result from the drying process, which partially removed the 

intercalated water molecule, when heated in the oven at 70 degree. As for the 

SnO2@Graphene nano-composite, all diffraction peaks can also be well indexed to the 

tetragonal rutile structure of SnO2 particles. There are no obvious diffraction peaks of 
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graphene/graphene oxide observed in the pattern of SnO2@RGO nanocomposite paper, 

implying that the SnO2 are homogeneously dispersed on graphene sheet and in between 

each graphene layer.  

 

Fig. 4.2.2.2 a) Camera pictures of Free standing SnO2@Graphene composite anode after 
thermal annealing  at 2000C; b) SEM(zoom in) of free standing SnO2@Graphene 
composite anode  ; c) SEM picture(zoom out) of free standing SnO2@Graphene 
composite anode, top view; d) SEM pictures of free standing SnO2@Graphene composite 
anode, side view(intersection) 

        After thermal annealing (5000C for three hours), a free standing SnO2@Graphene 

composite electrode was obtained. The as-prepared composite is also flexible as 

presented in Fig. 4.2.2.2 a. The zoomed in SEM picture of composite film was shown in 

Fig. 4.2.2.2 b. The corresponding zoomed out SEM picture of its top view (Fig. 4.2.2.2 c) 

and side view (Fig. 4.2.2.2 d) revealed that less than 5% of SnO2 were exposed outside 

the graphene matrix. Then, the as-prepared SnO2@Graphene composite was directly used 

as free standing, carbon black, binder and current collector free flexible anode for 
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Lithium ion battery. If all the graphene sheets are strictly monolayer, LiC3 structures can 

be formed in which lithium is stored on both sides of the graphene sheet, delivered the 

theoretical capacity of 744mAh/g 41 .Thermal analysis(Fig. 4.2.2.3) shows that the weight 

percentage of SnO2 in the composite material is 67%. Therefore, the theoretical capacity 

of SnO2@graphene composite electrode can be calculated as: 

                   Total capacity=CSnO2 *67% + Cgraphene*33%= 1493*67%+744*33=1245mAh/g 

 

Fig. 4.2.2.3 Thermal gravimetric analysis (TGA) of SnO2@Graphene composite anode 

        It is notable that free-standing SnO2@Graphene composite film can be directly used 

as the anode for lithium ion batteries, in which there is no conductive carbon, polymer 

binder and even the copper current collector. Such configuration of the anode offers a 

promising application of lithium ion batteries for micro-structured and flexible devices. 
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The electrochemical properties and performances of SnO2@Graphene composite anode 

are evaluated in the CR2025-type coin cell with the metallic lithium foil as the counter 

and reference electrode. For the comparative propose, the bare RGO film is also 

fabricated by using the same synthetic process for SnO2@Graphene composite film, and 

the bare SnO2-based anode is composed of 70 wt.% SnO2 nanoparticles as the active 

material, 20 wt.% acetylene black as the conductive carbon and 10 wt.% polyvinylidene 

fluoride (PVDF) as the binder. Fig. 4.2.2.4a shows the cyclic voltammetric (CV) curves 

of SnO2@Graphene composite anode in the first five cycles at a scan rate of 0.1 mV/s in 

a voltage range of 0.01-3.0 V vs. Li/Li+. The initial cathodic peak of SnO2@Graphene 

anode at 0.74 V in high intensity in the first CV discharge is mostly attributed to the 

conversion reaction of SnO2 to the metallic Sn and Li2O, as described in equation 

4.2.2.142,43,44,45.  The subsequent broad cathodic peak below 0.5 V  reveals the synergetic 

effects from the successive formation of LixSn (0<x<4.4) alloys (equation 4.2.2.2), 

lithium intercalation into the graphene layers and the formation of solid electrolyte 

interphase (SEI) film at the surface of the working electrode46. Correspondingly, in the 

following charge process, a weak anodic shoulder peak at 0.2 V can be probably assigned 

to the reversible Li extraction from  the expended layers of graphene41. The predominant 

anodic peak positioned at 0.55 V corresponds to the dealloy of as-formed LixSn 

compounds15,47,48. It is interesting to find a very wide anodic park cross a voltage range 

between 1.0 and 2.2 V. As reported in literatures49,50, such electrochemical performance 

in CV measurements results from the partially reversible reaction in reaction 4.2.2.1. 

Accordingly, a wide peak within the range of 0.75-1.5 V appears in the second CV cycle 

instead of the initial cathodic peak, supporting our speculation of the partial reversibility 
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of SnO2-Sn conversion. The following two cathodic peaks located at 0.2 and 0.01V are 

ascribed to the process of Sn alloyed with lithium ions and intercalation of lithium ions 

into graphene layers along with continuous growth of SEI film, respectively. The CV 

profiles in the subsequent cycles are almost identical to each other after the initial 

electrochemical activation of SnO2@Graphene composite anode, indicating its excellent 

electrochemical reversibility. SnO2@Graphene composite anode in significantly manifest 

the mutually beneficial relationship of graphene and SnO2 anode materials, resulting in 

satisfactory electrochemical performances of the composite anode.  

  

Fig. 4.2.2.4 a) Cyclic Voltammetry of SnO2@Graphene composite anode 1st to 5th cycle 
in the voltage range of 0.01v to 3v, at the scan rate of 0.1mv/s. b) Galvanostatic 
charge/discharge profiles of the 1st, 2nd, 5th, 25th, and 50th cycles at the current density of 
500mA g-1  of SnO2@Graphene composite anode; c) Cycling performance of bare SnO2, 
bare RGO and SnO2@Graphene composite anode at the current density of 500mA g-1; d) 
rate performance of Free standing SnO2@Graphene composite anode 
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        Fig. 4.2.2.4 b presents the galvanostatic charge/discharge profiles of 

SnO2@Graphene composite anode at 1st, 2nd, 5th, 25th, and 50th cycles at a current density 

of 500 mA g-1 between 0.01 and 3.0 V. This composite anode can deliver specific 

discharge and charge capacities of 1169 and 744 mA g-1 in the first cycle, respectively, 

with an initial columbic efficiency of 63.6%. The initial irreversible capacity is attributed 

to the undesirable formation of SEI film and the consumption of lithium ions to form 

Li2O during the conversion reaction from SnO2 to metallic Sn in the first discharge 

process. The voltage plateaus of discharge and charge curves are highly consistent with 

the cathodic and anodic peaks in CV measurements. As shown in Fig. 4.2.2.4 c, the 

SnO2@ Graphene composite anode reveals much higher specific capacity and better 

cycling stability in comparison with bare RGO and SnO2 anodes. The SEM image in Fig. 

4.2.2.2 b demonstrates the structure of SnO2@Graphene composite material, in which 

numerous SnO2 nanoparticles are tripped between wrinkled graphene layers. Such 

fabrication significantly contributes to improved cycleablility of SnO2 anode materials, 

because the pristine RGO anode exhibits outstanding cycling performance in Fig.4c, 

while the bare SnO2 anode significantly loses its capacity after 20 cycles. After initial 

five cycles, SnO2@Graphene anode material shows the columbic efficiencies of 

approximately 100% in subsequent cycles, and retains a capacity of 726 mAh g-1 in the 

50th cycle, corresponding to the capacity retention of 97.6%  

        Accordingly, Fig. 4.2.2.4 d reveals the rate capability of free-standing 

SnO2@Graphene composite material as the anode at various current densities. The 

SnO2@Graphene composite anode delivers high capacity of 1085, 958, 758, 480, and 150 

mAh g-1 at the current density of 100, 200, 500, 1000 and 2000mA g-1, respectively. The 
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specific capacity of 1000 mAh g-1 can be reversed when the composite anode is cycled 

back to low current density after rate trials. The remarkable electrochemical performance 

of SnO2@Graphene composite anode can be attributed to:  (1) graphene sheets in the as-

fabricated composite film provide multiple functions to act as not only the conductive 

carbon but also the binder, which can facilitate lithium ion diffusion and charge transfer; 

(2) As shown in Fig. 4.2.2.2 b, SnO2 nanoparticles are tightly captured within graphene 

layers. The flexible graphene framework can serve as an elastic “buffer” to accommodate 

the volume change, and thus effectively releases the reaction strains during the alloy and 

dealloy processes of LixSn; and (3) Fig. 4.2.2.4 has demonstrated the significantly 

enhanced cycling stability of SnO2 anode materials within SnO2@Graphene composite 

materials, indicating that graphene sheets are favorable to restrict the pulverization and 

aggregation of converted metallic Sn particles upon electrochemical cycling24,28-30. On 

the other hand, SnO2 nanoparticles between graphene layers with uniform distribution 

can prevent the restacking of graphene sheets. The expended space between graphene 

layers is beneficial for accommodation of electrolyte and lithium ions, which may 

contribute to the unexpected capacity of SnO2@Graphene composite material, higher 

than the theoretical capacity either of RGO or SnO2 anode materials. All reasons 

discussed above come together and result in excellent cycling and rate performance of 

SnO2@Graphene composite anode. 

4.3Conclusion: 
        In summary, an anti-solvent precipitation method has been demonstrated as an 

efficient assembly method to fabricate graphene based free standing, flexible and additive 

free electrode materials. The fabricated SnO2@Graphene composite was directly 
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employed as additive free and current collector free anode for high-energy Lithium ion 

batteries. A specific capacity of 726 mAh g-1 (calculated by the total mass) and an area 

specific capacity of 2.2mAh cm-2 was retained after 50 cycles for SnO2@Graphene 

composite anode at the high current density of 500mA/g. SnO2@Graphene composite 

anode can also deliver a high capacity of 1085, 958, 758, 480, and 150 mAh g-1 at the 

current density of 100, 200, 500, 1000 and 2000mA g-1, respectively. The high specific 

capacity and excellent rate capability of the composite anode was enabled by its unique 

structure. All SnO2 particles were coated by interconnected wrinkled graphene which 

result from the synergistic effect of ionic strength and dielectric constant during the 

assembly process. The graphene matrix not only functions as conductive binder and 

current collector, but also contributes to the total capacity. The assembly method 

developed in this study is general, robust and easy to apply on other functional materials 

rather than battery material, which opens up an easy path to fabricate flexible devices. 

 

4.4Materials and methods: 
 

Preparation of graphene oxide: Graphene oxide was prepared via improved method51. 

Typically a 9:1 mixture of concentrated H2SO4/H3PO4 (90:10 mL) was added to a 

mixture of graphite flakes (0.75 g, 1 wt equiv) and KMnO4 (4.5 g, 6 wt equiv). The 

reaction was then heated to 50 °C and stirred for 12 h. The reaction was cooled to room 

temperature and poured onto ice (100 mL) with 30% H2O2 (1 mL). The obtained slurry 

was first centrifuged and washed repeatedly with 10% HCl for the removal of Mn2+. 

Then obtained GO was then washed by acetone to remove the majority of Cl-. For 
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complete removal of all the ions, deionized water was used for GO washing until no 

precipitate was observed when mixing the supernatant after centrifuge and 10mM AgNO3 

solution. 

Anti-solvent induced GO wrapping on various particles: Various types of particles 

(metallic Tin, Tin oxide, element Si and Li1.2Mn0.5Ni0.3Co0.3O2) of different sizes and 

shapes were dispersed with GO via ultra-sonication for 15min in 15ml de-ionized water, 

respectively.  LiCl salt (30mM) was directly added to the suspension with additional 

sonication for 1 min. 60ml acetone was poured into the above suspension at one time shot. 

Preparation of SnO2@graphene free standing electrode: 4mg of SnO2 (Sigma Aldrich 

549657) was dispersed with 8.8mg GO in 15ml de-ionized water for 15min. 20mg LiCl 

salt was directly added. The suspension was then sonicated for additional 1 min. 60ml 

acetone was poured into the above suspension at one time shot. The resulted mixture was 

then collected via vacuum filtration (15mm in diameter) using PTFE filter paper with the 

pore size of 0.2µm (Sterlitech). The filter cake was then dry out in the vacuum oven at 

600C for 2 hours. The composite film was then peeled off from the PTFE filter paper 

using tweezer. The conductivity of the composite film was recovered via thermal 

annealing (temperature was increase step by step, one hour stay at 1000C, 2000C, 3000C, 

4000C, respectively then 3 hours stay at     500 0C) . Typical mass of the electrode is 

5.6mg after thermal annealing, corresponding to loading density of 3.1mg/cm2. 

Sample characterization: Lateral dimension and thickness of the graphene oxide was 

studied using a Nanoscope IIIa Multimode scanning probe microscope system (Digital 

Instruments, Bruker) with a J scanner operated in the “Tapping Mode”. Structure and 

morphology were observed using a Hitachi S4800 field emission scanning electron 
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microscopy (SEM, STEM). Crystallographic structures were examined by a Panalytical 

X’pert Diffractometer with Cu Kα radiation. TGA was performed on a SII STA7300 

analyzer at a heating rate of 5°C/min in air. 

Electrochemical Measurement: Electrochemical measurements were carried out using 

CR2025 coin-type cells. The SnO2@Graphene composite was directly used as the 

working electrode after thermal annealing. The coin cells were assembled inside a glove 

box filled with pure argon, using lithium metal as the counter/reference electrode and 

Celgard3501 as the separator. The electrolyte was 1 M LiPF6 dissolved in a mixture of 

ethylene carbonate, dimethyl carbonate and diethyl carbonate and (4:3:3 in volume). 

Galvanostatic charge-discharge curves of the cells were recorded by MTI BST8-MA-

battery analyzer in a voltage range of 0.01 – 3.0 V vs. Li/Li+. Cyclic voltammetric (CV) 

curves of cathodes were recorded at a scanning rate of 0.1 mVs-1 between 0.01 and 3 V vs. 

Li/Li+ ,and EIS data were obtained by applying an AC voltage of 5 mV in the frequency 

range of 0.01–100 kHz using an electrochemical analyzer (CHI 760C).  
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Chapter 5: Ion Exchange Promoted Phase Transformation of Li-rich 

Layered Cathode Materials and Related Electrochemical Performance 

for High-Energy Lithium-Ion Batteries 

 

        

5.1Introduction  

        The rechargeable lithium-ion battery has been demonstrated as a highly effective 

power supply for electric transportation and portable electronic devices. Performance of 

lithium ion batteries crucially relies on energy and power densities of electrode materials1. 

Recently, tremendous research efforts focus on developing advanced cathode materials, 

which can offer high energy density and operating voltage, and outstanding cycling 

stability and rate capability2,3,4. The Mn-based Li-rich layered transition metal oxides 

have attracted a great deal of research attentions due to their high lithium storage 

capability and working potential. These cathode materials with the formula of 

Li[LixMnyMz]O2 (M= Co and Ni; x+y+z=1 and y>0.5) can be cycled over a broad 

voltage range of 2.0 - 4.8 V vs. Li/Li+ and deliver specific capacities higher than 250 

mAh/g, along with providing other merits including low cost, environmental friendliness 

and safety 5-18.  

        Li[Li0.2Mn0.54Ni0.13Co0.13]O2 (marked as LMNCO) belongs to above Li-rich and Mn-

rich category. Such material has an impressive theoretical capacity of 321 mAh/g and a 

high operating voltage up to 4.8 V vs. Li/Li+18. As reported in literatures6-8, Li-rich 

layered LMNCO is composed of two integrated components, i.e., the structural 
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intergrowth of layered lithium-inactive Li2MnO3 (space group C2/m) and layered 

lithium-active LiMn1/3Ni1/3Co1/3O2 (space group R-3m) at a molar ratio of 1:1 

(0.5Li2MnO3·0.5LiMn1/3Ni1/3Co1/3O2). The high capacity of LMNCO can be achieved via 

the electrochemical activation of inert Li2MnO3 during the initial charge above 4.5 V vs. 

Li/Li+, during which Li2MnO3 is decomposed to Li2O and MnO2 caused by 

electrochemical extraction of lithium ions. This process simultaneously results in an 

irreversible oxygen loss and creation of lithium ion vacancies in the layered structure of 

LMNCO6,10. As a result, Mn3+/Mn4+ redox in the activated layered MnO2 contributes to 

the higher capacity in subsequent electrochemical cycles.  In comparison with the 

original material, additional capacity contribution can come from the reduced oxidation 

state of transition metal ions at the end of the initial discharge to 2.0 V vs. Li/Li+, due to 

the existence of oxygen deficiencies in the activated cathode materials. Despite the high 

capacity resulting from activation of the inert Li2MnO3 component, such electrochemical 

activation leads to a significant irreversible capacity loss, i.e., low columbic efficiency in 

the initial charge/discharge cycle. Another consequential phenomenon induced by 

electrochemical activation of Li2MnO3 is the unavoidable layered-to-spinel phase 

conversion in the activated layered LMNCO. Such a phase transition is highly feasible 

due to structural compatibility of cubic close-packed oxygen arrays between layered and 

spinel structures7,9,13,19,20. Formation of a cubic spinel phase within the parent layered 

structure is effectively promoted in the highly-charged state during subsequent 

electrochemical cycles, in which transition metal ions migrate to reside on vacant lithium 

ion sites permanently, resulting in irreversible phase transformation to a stable layered-

spinel composite phase8,21. Overall, electrochemical activation of Li2MnO3 component 
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causes structural instability and phase transition, which accounts for the inferior rate 

capability and poor reversibility of Li-rich layered cathode materials9.  

        On the other hand, it has recently been reported that the phase transition in Li-rich 

layered cathode materials, during and after activating the Li2MnO3 component when 

electrochemically cycled, can significantly contribute to the unexpectedly high-rate 

capability7,8,22. Both Li2MnO3 and LiMn1/3Ni1/3Co1/3O2 components simultaneously 

undergo phase conversion from the original layered to reconstructed spinel structures, but 

through different pathways. Within the Li2MnO3 domain, removal of Li+ and O2- during 

initial electrochemical activation triggers phase transition from layered Li2MnO3 to the 

spinel phase due to the existence of lithium ion and oxygen vacancies. As a result, 

layered Li2MnO3 transforms to numerous spinel grains integrated in an amorphous 

matrix9. Although such transformation breaks down the parent lattice and induces lattice 

strains, the newly-formed spinel phase exhibits  higher capacity and better rate capability, 

owing to its lithium-active characteristic, and higher electronic conductivity and facile 

lithium ion diffusivity7. It has been suggested that  structural rearrangement within the 

LiMn1/3Ni1/3Co1/3O2 region takes place through migration of transition metal ions to 

lithium ion layers, yielding spinel grains on the surface of a predominantly layered 

structure during initial electrochemical cycles20,21. Such structural evolution can progress 

via continuous lithiation and delithiation, and consumes the parent layered phase to grow 

the spinel phase until a complex layered-spinel composite structure is stabilized13,15. The 

formation of the spinel phase in Li-rich layered cathode materials has been demonstrated 

by high resolution STEM observations21, high resolution TEM images with selected area 

electron diffraction (SAED) patterns7, in-situ X-ray diffraction patterns13, X-ray 
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absorption spectroscopic and Raman studies15,23, and is also reflected on charge/discharge 

curves22, differential capacity plots14, and cyclic voltammetric (CV) profiles7,24. The 

intergrowth of spinel-layered phases tends to alleviate the electrochemical inferiority of 

Li-rich layered cathode materials. However, structural details of these phases in the 

cycled electrodes have not been comprehensively understood yet. The crystal phase of 

the spinel formed in Li-rich layered oxides is always reported as “spinel” or “spinel-like” 

phase. The effects of such a phase transformation (whether to improve or deteriorate 

performance of spinel-layered composite cathodes) are currently under debate. It is very 

important to explore these effects in order to understand the fundamental electrochemical 

behavior of the emerging high-capacity Li-rich layered cathode materials.  

 

        As reported in literatures16,25, Li-rich layered cathode materials can be chemically 

activated via protonation (H+-Li+ exchange) in an acidic environment, followed by 

removing H+ ions in a post-annealing treatment in air. Such ex-situ chemical activation 

also causes the release of Li2O from the inert Li2MnO3 component during H+-Li+ ion 

exchange to yield lithium-active MnO2, and further forms a Mn-based spinel phase after 

burning away protons by heat treatments. As a result, the activated cathode materials 

show significantly improved specific capacity and initial columbic efficiency in the first 

cycle. Although H+-Li+ ion exchange can induce the formation of the spinel phase, the 

amount of spinel-structured domains is very limited on the surface of Li-rich layered 

cathode materials. Consequently, the phase transition continuously occurs within partially 

activated spinel-layered composite cathodes during subsequent electrochemical cycles, 

giving rise to structural instability and inferior cycleability25. As referred to other ion-
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exchange reports26,27,28,29, alkylammonium hydroxides, such as tetrabutylammonium 

hydroxide (TBA+·OH-) and tetramethylammonium hydroxide (TMA+·OH-), have been 

extensively used to exfoliate protonated layered materials into two-dimensional (2D) 

nanosheets. Due to the organic characteristics and larger molecular size of 

alkylammonium cations in comparison with protons and lithium ions, TBA+·OH- can be 

utilized for the second ion exchange (TBA+-H+) of protonated Li-rich layered cathode 

materials, in order to realize a complete layered form-to-spinel phase conversion.  

 

        Herein, we intentionally promote the layered-to-spinel phase transition of Li-rich 

Li[Li0.2Mn0.54Ni0.13Co0.13]O2 by employing ex-situ ion-exchange and post-annealing 

processes. This approach not only allows the comprehensive study of electrochemical 

effects resulting from the growth of a spinel phase within Li-rich layered cathode 

materials, but also offers a feasible route to precisely identify the crystal structure of 

newly-formed spinel phase. It is interesting to find that the completely-converted material 

shows a Li4Mn5O12-type spinel structure rather than commonly-reported LiMn2O4 spinel. 

Electrochemical performances indicate that introduction of a spinel phase significantly 

increases the specific capacity up to ~100 mAh g-1 and results in much better rate 

capability in comparison with original Li-rich layered cathode materials, but reduces the 

working voltage from 4.0 V to 3.0 V due to the activation of Mn3+/Mn4+ redox pair.  



104 
 

 

5.2 Results and discussion 

5.2.1 Ex-situ phase transition of Li-excess layered cathode materials promoted by 

two-step ion exchanges followed by post annealing 

 

Scheme 5.2.1.1 Schematics showing structural reconstruction of Li-excess layered 
Li[Li0.2Mn0.54Ni0.13Co0.13]O2 to realize a Li4Mn5O12-type spinel phase via ion-exchange 
processes in two steps, followed by calcination. 
 
        The phase transition of Li-rich layered Li[Li0.2Mn0.54Ni0.13Co0.13]O2 are 

comprehensively studied via ex-situ chemical ion exchanges, followed by post-annealing 

treatments(scheme 5.2.1.1). Ion-exchange processes are as follows: First, the protonation 

of original LMNCO, i.e., Li+-H+ exchange, is carried out in acidic HCl solution under 

vigorous magnetic stirring, resulting in a protonated intermediate (marked as LHMNCO). 

Secondly, the continuous substitution of protons in LHMNCO is performed by using 

tetrabutylammonium (TBA+) cations to promote H+-TBA+ exchange under violent vortex; 

the resulting derivative is named as LHMNCO TBA. Finally, TBA+-Li+ ion exchange is 

taken place on LHMNCO TBA in a basic LiOH solution to tentatively study the 
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reversibility of ion-exchange procedures, and the final product is denoted as LHMNCO 

TBA Li.   

         

Fig. 5.2.1.1 In situ characterizations to identify phase transition of LHMNCO TBA 
during heat treatments. (a) TG/DTA curves showing weight loss and heat transfer when 
LHMNCO TBA is heated from room temperature to 950°C (solid lines) and cooled back 
to ambient temperature (dashed lines) in air, (b) in situ XRD patterns of LHMNCO 
powders when heated to 900°C and subsequently cooled down to room temperature, with 
selected portions shown from I to IV. 

        After ion exchange process, foreign cations (H+ and TBA+) occupy the lithium ion 

sites between the transition metal layers. In order to generate sufficient lithium ion 
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vacancies within an ion-exchanged layered material at a time and promote the layered-to-

spinel phase transition to a maximum extent, we remove the embedded TBA+ cations, 

protons and/or other byproducts (e.g., hydrates and OH- anions), by air sintering. 

TG/DTA and in-situ XRD were carried out to optimize the sintering temperature. Fig. 

5.2.1.1a shows TG/DTA curves of LHMNCO TBA heated from room temperature to 

950°C (solid lines), and subsequently cooled to ambient temperature (dashed lines) in air. 

In order to determine the intermediate phases during the heating-cooling cycle, the 

dynamic structure of LHMNCO TBA was characterized via in-situ XRD accordingly as 

shown in Fig. 5.2.1.1b. The major weight loss of 6.1% in TG heating curve between 150 

and 300°C is mostly attributed to pyrolysis of TBA+ ions and removal of residual H+, OH-, 

hydrates, etc. As a result, numerous vacancies are generated at the original lithium ion 

sites via burning away foreign substituents, which facilitates and accelerates migrations 

of transition metal ions into these vacant sites, leading to a distinct layered-to-spinel 

phase transformation. As temperature increases, one TG plateau with a corresponding 

broad concave DTA peak appears at 300-600°C, indicating possible formation of a stable 

spinel structure in this temperature range. The in-situ XRD patterns in Fig. 5.2.1.1b 

demonstrate stabilization of the pure spinel phase at ~500°C. The continuous phase 

conversions can be more easily observed from the enlarged selected 2θ portions (I to IV) 

in Fig. 5.2.1.1. As shown in portion I, the complete merger of the two peaks at 2θ = 18 - 

20º at 300°C results in one characteristic XRD peak representing (111)s crystal planes in 

the cubic spinel phase. The slight shift of the (111)s peak to a lower 2θ can be ascribed to 

the thermal expansion effect in the crystal structure at elevated temperature during in-situ 

XRD characterizations. Furthermore, the intensity of the (020)M peak at 2θ = 20.8º 
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continues to decrease when the temperature is increased up to 500°C, indicating 

consumption of the layered Li2MnO3 component. As shown in Fig. 5.2.1.1c, the 

predominantly ordered layered structure of the LiMn1/3Ni1/3Co1/3O2 component can be 

inferred from peak splitting in the (006)R-(012)R (2θ = 36 - 38º)and (108)R-(110)R (2θ = 

64 - 66º)doublets. In contrast, it is found that these two pairs of well-separated peaks are 

combined into broad (222)S and (440)S peaks at 500°C in portions III and IV, respectively, 

revealing a complete layered-to-spinel phase transformation. Increasing the annealing 

temperature above 600°C causes undesired decomposition of the newly-formed spinel 

structure, resulting in a MnCo2O4 impurity and recovery of layered Li2MnO3, which is 

consistent with the continuous mass reduction in the TG curves during the heating 

segment. Formation of MnCo2O4 is apparently detected at 600°C in portion II at 2θ = 30 - 

31º, and the restored layered Li2MnO3 (at 2θ = 20 - 23º) is confirmed by the obvious 

intensity increase of its XRD peaks in portions I, III and IV. Therefore, optimized 

annealing temperature was determined as 5000C. 
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Fig. 5.2.1.2. SEM images of (a) LMNCO, (b) LHMNCO, (c) LHMNCO TBA, (d) 
LHMNCO TBA Li, (e) LHMNC HT, (f) LHMNCO TBA HT and (g) LHMNCO TBA Li 
HT.  

 

        Three ion-exchanged derivatives were then annealed at 500°C in air, in order to 

promote the formation of spinel phase under this optimal sintering temperature. 

Subsequently, the structural phase and electrochemical performances of corresponding 

materials after heat treatments (LHMNCO HT, LHMNCO TBA HT and LHMNCO TBA 

Li HT) are evaluated in comparison with the original LMNCO. As shown in Fig. 5.2.1.2, 

ion-exchange processes and calcinations lead to dramatically morphological changes of 

different derivatives. The pristine Li-rich Li[Li0.2Mn0.54Ni0.13Co0.13]O2 particles in Fig. 

5.2.1.2a exhibit polyhedral shapes with an average particle size of ~250 nm and a distinct 

aggregation, while H+-Li+ ion exchange in acidic environment results in distinct layered 

cake-shaped blocks of LHMNCO. We speculate that an ordered layered structure of 

LMNCO would induce formation of a multilayer morphology in LHMNCO (Fig. 

5.2.1.2b). As reported in literatures26,29,31, protonation is the prerequisite for the second 

H+-TBA+ ion-exchange process. After shaking the as-prepared LHMNCO/HCl mixture 

(i.e., LHMNCO powders dispersed in HCl solution after protonation) in a TBA·OH 

aqueous solution at a volumetric ratio of 1:5 via violent vortexes, the collected LHMNCO 

TBA shows exquisite nanoflower-shaped particles (Fig. 5.2.1.2c). Each particle is 

composed of numerous ultrathin nano-petals. This phenomenal morphology change can 

probably be attributed to the synergistic effects of the TBA-assisted exfoliation and the 

turbulence-induced reaction environment. It is interesting that further Li+-TBA+ ion 
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exchange in a basic solution extensively unfolds petals of LHMNCO TBA nanoflowers 

into nanosheet stacks of LHMNCO TBA Li as shown in Fig. 5.2.1.2d. Fig. 5.2.1.2e-g 

reveal the effects of post-heat treatments on tailoring morphologies of ion-exchanged 

derivatives, which apparently cause aggregations and coarse structures of LHMNCO HT, 

LHMNCO TBA HT and LHMNCO TBA Li HT, respectively, after the removal of H+ 

and TBA+ ions, along with other byproducts, such as H3O
+ and OH-.  
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Fig. 5.2.1.3 XRD patterns of pristine Li-rich layered Li[Li0.2Mn0.54Ni0.13Co0.13]O2 
nanoparticles and corresponding derivatives in (a) full 2θ range and (b) enlarged 2θ 
portions between 16-22º, 34-40º and 62-68º. LMNCO: pristine 
Li[Li0.2Mn0.54Ni0.13Co0.13]O2 nanoparticles; LHMNCO: LMNCO treated in 2M HCl 
solution for protonation;  LHMNCO TBA: protonated LHMNCO shaken in TBA·OH 
solution via violent vortex; LHMNCO TBA Li: LHMNCO TBA treated in 1M LiOH 
solution for Li+-TBA+ ion exchange; LHMNCO HT, LHMNCO TBA HT and LHMNCO 
TBA Li HT: LHMNCO, LHMNCO TBA and LHMNCO TBA Li sintered at 500°C in 
3h, respectively.  

        Accordingly, the phase transition and structural reconstruction accompanying with 

morphology evolution from initial layered LMNCO to different converted derivatives 

have been studied from XRD patterns and TEM observations in Fig. 5.2.1.3 and Fig. 

5.2.1.4, respectively. In good agreement with other XRD patterns of Li-rich layered 

materials7,8,17,18, pristine LMNCO in Fig. 5.2.1.3 a exhibits typical XRD peaks showing 

intergrowth of monoclinic Li2MnO3 with C2/m symmetry and rhombohedral 

LiMn1/3Ni1/3Co1/3O2 with R-3m symmetry within an ordered layered structure7. Two peak 

splits of (006)L2-(012)L2 reflections at 2θ = 36 - 38º and (108)L2-(110)L2 reflections at 2θ 

= 64 - 66ºare characteristic of the predominant layered structure of LiMn1/3Ni1/3Co1/3O2. 
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The weak (020)L1 reflection at 2θ = 20 - 23º is characteristic of the layered Li2MnO3 

phase, the superstructure being grown within the parent layered structure17. The 

integrated growth of these two layered components can be inferred from the other five 

peaks at 2θ = 18.7º, 36.9º, 37.9º, 38.5ºand 44.5º, which combine diffraction effects from 

(001)L1/(003)L2, (200)L1/(101)L2, (113)L1/(006)L2, (131)L1/(012)L2, and (202)L1/(104)L2, 

respectively. In contrast, the XRD pattern of LHMNCO shows a spinel-like impure phase 

marked with asterisks, which is consistent with results reported in the literatures7,22. As 

such, the merger of well-separated (113)L1/(006)L2 and (131)L1/(012)L2 doublets indicates 

a certain degree of distortion in the layered structure, while the peak splits of (108)L2-

(110)L2 pair are preserved, showing that the layered structure is mainly retained in the 

protonated intermediate22. Furthermore, XRD pattern of LHMNCO TBA powder 

indicates the growth of spinel-like phase within the parent layered structure during TBA+-

H+ exchange, since the intensity of one representative XRD peak at 2θ = 19.3º (marked 

with an asterisk in LHMNCO) from the newly-formed spinel phase increases. Structural 

compatibility of cubic close packed oxygen arrays between layered and spinel 

configurations is the principal factor that facilitates phase transition in Li-rich layered 

transition metal oxides, via migration of transition metal ions into lithium ion layers when 

lithium ion vacancies exist during ion-exchange processes13,20. LHMNCO TBA Li shows 

identical XRD pattern to that of LHMNCO TBA, indicating that limited reversibility of 

phase transition. However, peak splitting of (108)L2-(110)L2 doublets in XRD patterns 

reveal the prominent layered structure of ion-exchanged derivatives, although the spinel 

phase has been detected. Post-annealing treatment has been demonstrated as an effective 

way to remove H+ and TBA+ substituents in air, resulting in the generation of 
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corresponding Li+ vacancies in lithium layers30. Such facile process can accelerate the 

diffusion of transition metal ions into lithium ion sites, and thus promote the layered-to-

spinel phase transition. The enlarged selected 2θ portions in Fig. 5.2.3 b at 2θ=16-20º, 

34-40ºand 62-68ºillustrate the phase conversion when different ion-exchanged samples 

are subjected to air calcinations. The merge of two separate peaks around 2θ=19º into one 

peak occurs for LHMNCO, LHMNCO TBA and LHMNCO TBA Li, respectively, 

indicating dramatic phase transitions resulting from the removal of  foreign H+ and TBA+ 

cations during the sintering. It is surprising to find that the coupled (108)L2-(110)L2 pair of 

LHMNCO TBA has merged into to one broad peak for LHMNCO TBA HT with a lower 

2θ position, while LHMNCO HT and LHMNCO TBA Li HT still show distinguishing 

peak splits of (108)L2-(110)L2 between 2θ=62ºand 64º. As mentioned before, the peak 

split of (108)L2-(110)L2 doublets is the dominant characteristic of layered structure, which 

is distinguished from the spinel phase showing the (440)S reflection at the same position. 

As a result, XRD pattern of LHMNCO TBA HT can be indexed to the spinel Li4Mn5O12 

phase with a Fd-3m space group, indicating the complete layered-to-spinel phase 

transition from original Li-rich layered LMNCO to Li4Mn5O12-type spinel compound 

after ion exchange and heat treatments. In contract, XRD patterns of LHMNCO HT and 

LHMNCO TBA Li HT both reveal the coexistence of layered and spinel phases (Fig. 

5.2.1.3). It is suggested that a second TBA+-H+ ion exchange is crucial to realize a 

complete phase conversion. We speculate that due to the larger size of TBA+ cations than 

protons, TBA+ substituents can increase c-axis of ion-exchanged layered derivative in 

comparison with the effect from H+ ions, which will increase the structure instability that 

significantly facilitate migrations of transition metal ions when TBA+ are burned away in 
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air calcinations. One the other hand, Li+ can be partially restored in the lithium layers 

through the Li+-TBA+ ion exchange. Therefore, incomplete phase transition was observed 

for LHMNCO TBA Li HT.   
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Fig.5.2.1.4. TEM and HRTEM images of (a and b) LMNCO, (c and d) LHMNCO, (e and 
f) LHMNCO TBA, and (g and h) LHMNCO TBA HT. 

 

        Fig. 5.2.1.4 shows the structural reconstruction during the complete phase transition 

from the pristine layered LMNCO to the converted Li4Mn5O12-type LHMNCO TBA HT 

spinel via TEM observations. In consistence with SEM image in Fig. 5.2.1.2 a, LMNCO 

nanoparticles have the solid structure with an average particle size of ~250 nm. The 

lattice fringe as shown in Fig. 5.2.1.4b indicates the high crystallinity of pristine Li-rich 

layered materials, due to the high synthetic sintering temperature at 900 ºC. The 

characteristics of overlapped sheets can be observed in Fig. 5.2.1.4c of LHMNCO after 

H+-Li+ ion exchange in an acidic HCl solution. The formation of spinel phase during this 

process at the surface of particle is identified in HRTEM image (Fig. 5.2.1.4d), which is 
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in agreement with XRD results in Fig. 5.2.1.3. The continuous TBA+-H+ ion exchange 

not only tailors LHMNCO TBA to nanoflower-like shapes, but also generates porous 

structure as shown in Fig. 5.2.1.4 e. Furthermore, due to the violent exfoliation effect of 

TBA+ cations, HRTEM image in Fig. 5.2.1.4 f shows disordered lattice fringes both at 

the surface and in the bulk of LHMNCO TBA; the other reason leading to such 

disordered structure possibly results from the partial decomposition of organic TBA+ 

cations under the attack of high-energy electron beam during HRTEM observations.  On 

the other hand, fringes with the smaller d-space (d=0.455 and 0.438 nm in Fig. 5.2.1.4f) 

at the surface of the specimen may also be attributed to the partial decomposition of 

TBA+ substituents. As shown in Fig. 5.2.1.2c and 5.2.1.2f, mono-dispersive LHMNCO 

TBA nanoflowers convert to LHMNCO TBA HT particles with irregular shapes after 

post-annealing processes due to the fold of nanopetals. Accordingly, the removal of 

TBA+ cations also contributes to the porous structure of LHMNCO TBA HT as shown in 

TEM image (Fig. 5.2.1.4g).  In agreement with the XRD result in Fig. 5.2.1.3, HRTEM 

image in Fig. 5.2.1.4h shows the spinel crystal structure of LHMNCO TBA HT with a d-

space of (111)S equal to 0.471 nm. In general, ex-situ ion- exchange and heat treatments 

result in the complete phase transition from the layered LMNCO to a Li4Mn5O12-type 

spinel material, along with intriguing morphological and structural evolutions.  
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Fig. 5.2.1.5. (a) Nitrogen adsorption/desorption isotherms and (b) corresponding pore 
size distributions of LMNCO and LHMNCO TBA and LHMNCO TBA HT.  

        The nitrogen adsorption and desorption isotherms and pore size distributions of 

pristine Li-rich layered LMNCO, ion-exchanged LHMNCO TBA and annealed 

LHMNCO TBA HT are shown in Fig. 5.2.1.5a and 5b, respectively. The corresponding 

porous characteristics in terms of surface area, pore volume and relative pore size are 

summarized in Table 5.2.1, along with Li/Mn/Ni/Co ratios of three samples. It is clear 
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that substitution of Li+ ions within LMNCO by H+ cations, followed by continuous 

replacement with TBA+ cations results in significantly increased surface area to 11.109 

m2 g-1 of LHMNCO TBA, almost four times higher than that of original LMNCO 

particles (2.327 m2/g), which can be attributed to the exfoliation effect from TBA+ 

cations as shown in SEM (Fig. 5.2.2c) and TEM (Fig. 5.2.1.4e) images27,31. Accordingly, 

LHMNCO TBA also has a larger pore volume of 8.880e-2 cm3 g-1 in comparison with 

1.133e-2 cm3 g-1 from LMNCO nanoparticles. Both SEM and TEM observations indicate 

that the pore volume of LMNCO powder is from special gaps between numerous 

agglomerated LMNCO nanoparticles (Fig. 5.2.1.2a and Fig. 5.2.1.4a), while the higher 

pore volume of LHMNCO TBA mostly arises from the porous structure of individual 

LHMNCO TBA nanoflowers (Fig. 5.2.1.2c and Fig. 5.2.1.4e).  Therefore, agglomerated 

LMNCO nanoparticles give rise to a relatively higher pore size distribution of ~6 nm in 

Fig. 5.2.1.4b in comparison with ~4 nm from LHMNCO TBA nanoflowers with 

monodisperse characteristic. As aforementioned in XRD characterizations in Fig. 5.2.1.3, 

the post-annealing treatment plays a crucial role to realize a complete layered-to-spinel 

phase transition, and the morphological and structural changes have been observed in 

SEM (Fig. 5.2.1.2f) and TEM (Fig. 5.2.1.4g) images, respectively. As a result, sintering 

LHMNCO TBA contributes to further increased surface area to 13.725 m2 g-1 of 

LHMNCO TBA HT. Its reduced pore volume is probably due to the folded nanopetals to 

form an internal porous structure (Fig. 5.2.1.4 g) and the obvious aggregation (Fig. 

5.2.1.2 f) after post-heat treatment, resulting in two pore size distributions of ~3 and ~12 

nm in Fig. 5.2.1.5b. The chemical compositions of these three samples are compared in 

Table 5.2.1 in the form of Li/Mn/Ni/Co ratios. In comparison with the theoretical ratio of 
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Li/Mn/Ni/Co=1.2/0.54/0.13/0.13, the as-prepared LMNCO shows less quantity of lithium 

component, which can be assigned to the lithium loss during air calcinations at 900°C. 

After two step ion exchanges via H+-Li+ and TBA+-H+ replacements, LHMNCO TBA 

preserves 52.7% of the original lithium ions in LMNCO. As reported in the literature29, 

layered transition metal oxides can be fully exchanged and teared into transition metal 

oxide nanosheets. In our case, the partial ion exchange possibly is attributed to the 

formation of spinel phase at the surface of layered derivatives as shown in XRD results 

(Fig. 5.2.1.3) and HRTEM image (Fig. 5.2.1.4d). The detectable Ni loss in LHMNCO 

TBA after the ion-exchange processes may result from the cationic Li+-Ni2+ disorder in 

LMNCO. Consequently, a few Ni2+ ions occupied in lithium sites in the lithium layer are 

replaced with H+ and TBA+ cations. No significant change in chemical composition after 

the heat treatment, resulting in Li/M (M=Mn+Ni+Co)=0.75. Such value is much close to 

the Li/Mn ratio of 0.8 in Li4Mn5O12 spinel in comparison with 0.5 of LiMn2O4 spinel, 

which is consistent with the XRD result being indexed to Li4Mn5O12-type spinel for 

LHMNCO TBA HT. In short summary, ex-situ ion-exchange processes along with post-

heat treatments offer a feasible approach not only to tailor morphology and structure of 

Li-rich layered transition metal oxides, but also to control the phase evolution between 

layered and spinel phases. We speculate that the nanoarchitectured LHMNCO TBA HT 

spinel material can benefit for facile electrolyte penetration and accommodation, 

maximized electrochemical sites and reaction strain release during lithiation and 

delithiation, and thus are favorable for lithium ion diffusion and structural stability; 

LHMNCO TBA HT with a pure spinel phase and porous structure is expected to exhibit 

enhanced rate capability and cycleability as compared with the pristine Li-rich layered 
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LMNCO, and integrated composite LHMNCO HT and LHMNCO TBA Li HT with an 

intergrowth of layered and spinel phases.   

Table 5.2.1. Porous characteristics and elemental composition of LMNCO, LHMNCO 
TBA and LHMNCO TBA HT. 

 

Samples 

Porous characteristics ICP elemental compositions  

Surface area 

(m2 g-1) 

Pore  volume 

(cm3 g-1) 

Pore size 

(nm) 
Li Mn Ni Co 

Pristine 

LMNCO 
2.327 1.133e-02 ~6 1.111 0.540 0.129 0.128 

Ion-exchanged 

LHMNCOTBA  
11.109 8.880e-02 ~4 0.586 0.540 0.119 0.126 

Annealed  

LHMNCO TBA 

HT 

13.725 5.921e-02 ~3 & ~12 0.585 0.540 0.118 0.126 

 

 

5.2.2 Electrochemical evaluation of final spinel cathode material for high capacity 

Lithium ion battery 
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Fig. 5.2.2.1 Cyclic voltammetric (CV) curves of (a) LMNCO, (b) LHMNCO HT, (c) 
LHMNCO TBA HT and (d) LHMNCO TBA Li HT in the first three cycles at a scanning 
rate of 0.1 mV/s in a voltage range of 2.0-4.8 V vs. Li/Li+.  

        The cyclic voltammetric (CV) measurements of LHMNCO HT, LHMNCO TBA HT 

and LHMNCO TBA Li HT are carried out in comparison with the pristine LMNCO, in 

order to study electrochemical properties related to phase transitions from Li-rich layered 

(LMNCO) to either layered-spinel (LHMNCO HT and LHMNCO TBA Li) or 

Li4Mn5O12-type spinel (LHMNCO TBA HT) phase. Fig. 5.2.2.1 shows the CV curves in 

first three cycles of four different samples. As shown in Fig. 5a, LMNCO reveals the 

typical electrochemical characteristics of Li-rich layered cathode materials. The first 

anodic peak at 4.17 V in the initial charge curve is associated with the oxidation of Ni2+ 

to Ni4+, followed by Co3+ to Co4+, whereas Mn still remains as tetravalent in 

LiMn1/3Ni1/3Co1/3O2 component32. The second anodic peak at 4.66 V corresponds to the 
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electrochemical activation of inert Li2MnO3 component, i.e., the decomposition of 

Li2MnO3 to Li2O and lithium-active MnO2, along with the unavoidable decomposition of 

electrolyte and the formation of solid electrolyte interphase (SEI) at such high potential 

>4.5 V10. Although such electrochemical activation process leads to the low Coulombic 

efficiency in the first cycle, but significantly results in high capacity of Li-excess layered 

cathode materials in the successive cycles. Correspondingly, the reduction of Co4+/Co3+ 

and Ni4+/Ni3+/Ni2+ redox occurs at 3.66 V in the initial discharge curve. In the second 

cycle, the anodic peak at 4.66 V disappears in comparison with the first cycle, while an 

additional cathodic peak at 3.26 V appears which can be assigned to the reduction of 

Mn4+ to Mn3+ from the as-activated MnO2 component. The third cycle shows the similar 

profile to the second cycle in less polarization and higher current density, indicating 

improved electrochemical reversibility after the electrochemical activation of Li-rich 

layered LMNCO. It is clear to see that CV curves of LHMNCO HT, LHMNCO TBA HT 

and LHMNCO TBA Li HT are very similar to each other, but apparently different from 

that of LMNCO. Those three materials all show the dominant redox pair around 3.0 V in 

CV curves, together with two minor redox couples located near 4.0 and 4.6 V. Such 

performance is consistent with the typical electrochemical characteristics of Ni/Co-doped 

Li4Mn5O12-type spinel in a wide voltage range33. The CV responses of LHMNCO HT, 

LHMNCO TBA HT and LHMNCO TBA Li HT support XRD results in Fig. 5.2.1.3, 

which reveal the Li4Mn5O12-type spinel structure of newly-formed spinel phase within 

the original layered structure of LMNCO after ion-exchange and post-annealing 

processes. The appearance of an anodic peak at ~4.6 V in the initial CV charges of 

LHMNCO HT and LHMNCO TBA Li HT indicate the existence of preserved layered 
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structure, in accordance with XRD characterizations (Fig. 5.2.1.3). In contract, 

LHMNCO TBA HT reveals much lower current density of such anodic peak in the first 

CV charge. Furthermore, an more intensive anodic peak at 2.95 V is generated, which 

can be attributed to the more complete phase transition of LHMNCO TBA HT in 

comparison with LHMNCO HT and LHMNCO TBA HT. LHMNCO TBA HT shows 

identical CV curves of second and third cycles, indicating outstanding electrochemical 

reversibility of this spinel materials. The predominant redox pair, anodic peak at 3.07 V 

and cathodic peak at 2.63 V, can be ascribed to oxidation and reduction reactions of 

Mn3+/Mn4+ redox pair, related to extraction and insertion of lithium ions on 16c sites in 

the spinel structure1. Two small redox couples at ~4.0 and ~4.6 V probably result from 

the Co3+/Co4+ and Ni2+/Ni3+/Ni4+redox, respectively.  
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Fig. 5.2.2.2 Charge and discharge curves of (a) LMNCO, (b) LHMNCO HT, (c) 
LHMNCO TBA HT and (d) LHMNCO TBA Li HT in the first five cycles at a current 
density of 0.1 C in a voltage range of 2.0-4.8 V vs. Li/Li+.  

        Fig. 5.2.2.2 exhibits charge and discharge curves of four cathodes in the first five 

cycles at 0.1 C in a voltage range of 2.0-4.8 V vs. Li/Li+, which are in well accordance 

with CV profiles in Fig. 5.2.2.1. It is noticeable that introduction of a spinel phase with 

Li-rich layered cathode materials can significantly increase the specific capacity. Since 

charge/discharge curves of the fourth and fifth cycle are almost identical as shown in Fig. 

5.2.2.2 a-d for all cathodes, it is suggested that the cathode becomes stable after five 

electrochemical cycles. The pristine Li-rich layered LMNCO delivers a specific 

discharge capacity of 211.3 mAh g-1 at the fifth cycle with a voltage plateau around 3.7 V, 

revealing typical electrochemical behavior of Li-rich layered cathode materials. The 
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XRD result in Fig. 5.2.1.3 a demonstrates the coexistence of layered and spinel phases of 

LHMNCO HT after ex-situ ion-exchange and post-heat treatments, in which the spinel 

phase is dominant; hence LHMNCO HT shows a higher discharge capacity of 285.8 mAh 

g-1 but along with a predominant voltage plateau at 2.6 V as well as a minor one at 4.4 V. 

The former voltage stage is due to the active Mn3+/Mn4+ redox in the spinel component, 

and the latter probably results from the Co4+/Co3+ and Ni4+/Ni3+/Ni2+ redox reactions in 

the reversed layered component. Furthermore, employing TBA+ cations for the second 

ion exchange of LHMNCO have contributed to the complete phase conversion of Li-rich 

layered LMNCO, resulting in the spinel LHMNCO TBA HT with the Li4Mn5O12-type 

spinel characteristics (Fig. 5.2.1.3) and a mesoporous structure (Fig. 5.2.1.4g and Fig. 

5.2.1.5b). As a result, an unexpectedly high discharge capacity of 343.2 mAh g-1 is 

achieved in the fifth cycle of LHMNCO TBA HT.  There are three voltage plateaus 

located at 4.6, 4.0 and 2.8 V, respectively, which is distinctly different from the profile of 

LHMNCO HT, again revealing different structural characteristics between LHMNCO 

TBA HT and LHMNCO HT. Those three voltage stages can be attributed to reductions 

from Ni4+/Ni3+/Ni2+, Co4+/Co3+ and Mn3+/Mn4+ redox pairs in the spinel structure and are 

favorable to preserve high-voltage performances of LHMNCO TBA HT. As shown in 

Fig. 5.2.1.4 g, the nanoarchitectured spinel cathode has a porous mesoporous structure 

that can facilitate accommodation of electrolyte and effectively release strains during 

lithiation/delithiation processes. The improved capacity may also be attributed to 

absorption and desorption of lithium ions within the porous structure34,35. In contrast, 

LHMNCO TBA Li HT shows similar electrochemical performance to LHMNCO HT 

with the intergrowth of layered and spinel structures, delivering a reduced capacity of 
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259.9 mAh g-1. This might result from the partially recovered layered structure via Li+-

TBA+ ion exchange of LHMNCO TBA in LiOH aqueous solution. 
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Fig. 5.2.2.3. (a) Cycling performance at 1 C and (d) high-rate performance at different 
currents of LHMNCO HT, LHMNCO TBA HT LHMNCO TBA Li HT in comparison 
with the pristine layered LMNCO in a voltage range of 2.0-4.8 V vs. Li/Li+.  
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        Fig. 5.2.2.3a and 5.2.2.3b show cycling and high-rate performances of modified 

LHMNCO HT, LHMNCO TBA HT and LHMNCO TBA Li HT cathodes in comparison 

with the pristine Li-rich layered LMNCO, respectively. The effects from the introduced 

spinel phase within the layered LMNCO cathode material on improving specific capacity, 

cycling stability and rate capability are more phenomenal when cycled at higher current 

densities. As shown in Fig. 5.2.2.3a, LHMNCO TBA HT can retain a very high discharge 

capacity of 197.5 mAh g-1 with a corresponding capacity retention of 89.1% after 100 

electrochemical cycles at 1C, much better than 58.1 mAh g-1 and 65.9% of pristine 

layered LMNCO, 116.1 mAh/g and 85.1% of LHMNCO HT, and 77.9 mAh g-1 and 80.0% 

of LHMNCO TBA Li HT. Moreover, LHMNCO TBA HT delivers initial capacities of 

313.6, 267.2, 203.9, 180.7, 126.3, and 89.4 mAh g-1 at 0.1, 0.5, 1, 2, 5, and 10C, 

respectively, as exhibited in Fig. 5.2.2.3b. Such remarkable cyclability and high-rate 

capability of LHMNCO TBA HT can be attributed to reconstructed spinel phase and 

hierarchical mesoporous structure for facile accommodation and diffusion of lithium ions, 

and effectively releasing reaction strains in the “buffer” structure in high porous 

characteristics.  Overall, generation of a spinel phase within Li-rich layered cathode 

materials can considerably increase the specific capacity and rate capability, but has to 

sacrifice the working voltage. Doping transition metal cations, such as Ni2+, Co3+ and 

Fe3+ ions, can contribute to the high-voltage performance. Ion-exchange method offers a 

desirable way to obtain enhanced electrochemical performance of Li-rich layered cathode 

materials.  
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5.3 Conclusions 

        This work sheds light on fundamental understanding of layered-to-spinel phase 

transition and relative electrochemical performances of Li-rich layered cathode materials 

via ex-situ ion-exchange processes, followed by post-annealing treatments. Employing 

TBA+ cations for the second ion exchange of pronated Li-rich layered oxides is critical to 

realize a complete phase transition, resulting in a Li4Mn5O12-type spinel-structured 

material converted from Li-rich layered Li[Li0.2Mn0.54Ni0.13Co0.13]O2. Ion-exchange 

procedure also tailor the morphology and structure of solid Li[Li0.2Mn0.54Ni0.13Co0.13]O2 

nanoparticles into nanostructured spinel material with high surface area and mesoporous 

porosity. In comparison with the pristine Li-rich layered cathode material, the final 

converted spinel cathode material with hierarchical porous structure reveals significantly 

increased specific capacity, better cycling stability and rate capability. This work opens 

up a new route to maximize electrochemical performance of Li-excess layered cathode 

materials for high-power and high-energy lithium ion batteries. 

5.4 Materials and Methods  

Synthesis of original Li-rich Li[Li0.2Mn0.54Ni0.13Co0.13]O2 nanoparticles 

Li-rich Li[Li0.2Mn0.54Ni0.13Co0.13]O2 nanoparticles were synthesized using surfactant-

assisted dispersion in a sol-gel method. We first prepared three precursor solutions: 5.4 

mmol F127 (EO106PO70EO106) in 50 mL ethanol, 0.08 mol transition metal acetate 

tetrahydrates (a molar ratio of Mn2+:Ni2+:Co2+=0.54:0.13:0.13) in 50 mL ethanol, and 

0.12 mol lithium hydroxide in 20 mL DI water. The molar ratio of F127/Mn2+ was 0.01. 

The transition metal precursor solution was added dropwise into the F127/ethanol 

solution under continuous stirring at 40°C, and then the lithium precursor solution was 
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added. The mixed solution was heated at 80°C until the solvent was completely 

evaporated. Afterwards, the mixture was dried in air at 120°C for 12 h. Heat treatment of 

the dried mixture was carried out in air at 300°C for 3 h, followed by sintering at 900°C 

for 12 h. Li[Li0.2Mn0.54Ni0.13Co0.13]O2  nanoparticles were collected after cooling to room 

temperature. 

Ion exchanges in Li-rich layered Li[Li0.2Mn0.54Ni0.13Co0.13]O2, and post-heat 

treatment of its ion-exchanged derivatives 

The H+-Li+ ion exchange of Li[Li0.2Mn0.54Ni0.13Co0.13]O2 particles (1 g) was performed in 

aqueous HCl (150 mL, 2M) at ambient temperature.  In order to promote protonation, the 

HCl solution was refreshed every 2 days for 10 days. As a result, a brown suspension was 

obtained, consisting of residual protonated intermediates in 150 mL aqueous HCl. The 

second (TBA+-H+) exchange was conducted employing a 20 wt.% aqueous 

tetrabutylammonium (TBA·OH) solution (Sigma Aldrich). A 1 mL suspension was 

added to a 5 mL TBA·OH solution and mixed in a vortex stirrer for 30 min. The third 

(Li+-TBA+) exchange was performed in 1 M LiOH aqueous solution. All resulting ion-

exchanged particles were washed with DI water and collected via centrifugation three 

times, followed by heating at 80°C in vacuum overnight.  Finally, heat treatment of ion-

exchanged derivatives was carried out at 500°C for 3h in air at a temperature ramp of 1°C 

min-1.  

 

 

Characterizations 
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Crystallographic structures of pristine Li-rich layered material and its derivatives were 

examined by a Panalytical X’pert Diffractometer with Cu Kα radiation. Morphology and 

particle size of different samples were observed using a Hitachi S4800 field emission 

scanning electron microscopy (FESEM). Transmission electron microscopic (TEM) 

images were captured on a FEI Tecnai G2 FEG instrument at an acceleration voltage of 

300 kV, to examine structures of different samples. Specific surface area of powders was 

measured by nitrogen adsorption/desorption at 77 K on a Quantachrome AS-1 instrument 

using the Brunauer-Emmet-Teller (BET) method. Chemical compositions of specimens 

were determined with inductively coupled plasma atomic emission spectrometry (ICP-

AES) on a SPCTRO CIROS elemental analyzer.  

Electrochemical measurements 

The working electrodes were composed of 80 wt.% pristine 

Li[Li0.2Mn0.54Ni0.13Co0.13]O2 cathode material or its derivatives, 10 wt.% acetylene 

black (conductive carbon, Alfa Aesar, 99.5%), and 10 wt.% poly-vinylidenefluoride 

(PVDF, Alfa Aesar) as the binder. These cathodes were assembled into two-electrode 

CR2032-type coin cells for electrochemical measurements, with metallic lithium foil as 

anode, and Celgard-2320 membrane as separator. The electrolyte was 1 M LiPF6 

dissolved in ethylene carbonate (EC), dimethyl carbonate (DMC) and diethyl carbonate 

(DEC) at a volumetric ratio of 1:1:1. Galvanostatic charge and discharge were performed 

at different current densities in a voltage range of 2.0 - 4.8 V vs. Li/Li+ using an 8-

channel battery analyzer (MTI Corporation). Theoretical capacities of different cathode 

materials are all set to 250 mAh g-1, i.e., current density corresponding to 1 C is 250 mA 
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g-1.  Cyclic voltammetric (CV) curves of cathodes were recorded at a scanning rate of 0.1 

mV/s between 2.0 and 4.8 V vs. Li/Li+ using an electrochemical analyzer (CHI 605C). 
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Chapter 6. Sonication-Induced Colloidal Nanocrystals of High-Capacity 

Cathode Materials for Advanced Lithium-Ion Batteries 

 

6.1Introduction  

        Nanostructured materials have demonstrated wide applications in various energy 

conversion and storage systems with improved performances, such as solar cells, 

supercapacitors, catalysts, and lithium-ion batteries, etc.1,2,3,4,5 The functional materials 

used in these energy devices are mostly metals or inorganic materials, including noble 

metals (Pt, Co, Ag, Au, etc.), binary alloys (CdSe, PbSe, etc.), metal oxides (TiO2, ZnO, 

MxOy (M=transition metal), etc.), and lithium-containing transition metal oxides (LiCoO2, 

LiMn2O4, Lix[LiMO2]O2, etc.).  

        Colloidal inorganic nanocrystals are one of the most intriguing nanomaterials, since 

they can function as perfect building blocks for constructing a wide variety of 

superstructures through facile and controllable self-assembly.4,6,7,8,9,10,11,12,13,14,15 

Formation of colloidal inorganic nanocrystals in a stable dispersion system is the 

prerequisite for subsequent assembly of nanocrystals, since inorganic nanoparticles are 

apt to aggregate and precipitate out from solvents. Usually organic surfactants are 

introduced into solvents to functionalize the surface of inorganic nanoparticles at the 

molecular level, in order to form dispersible supramolecules.6,11,16 Each supramolecule 

consists of one inorganic core and numerous surfactant molecules capping at its surface 

via various interactions, i.e., hydrogen bonding, Van der Waals forces, electrostatic 

forces,  interactions, etc.17,18,19,20,21 The subsequent self-assembly of surfactant-



136 
 

 

assisted inorganic colloids during solvent evaporation is depended on the sensitivity of 

surfactant molecules to external stimuli, such as temperature, light, solvent polarity, pH 

and ionic strength. As such, control of stimuli can be used to manipulate interactions 

between the surfactant molecules and core materials, and thus tailor assembly behaviors 

of the colloids.9,11 However, surfactant-assisted colloids suffer from the following 

limitations. First of all, most surfactants not only have complex molecular structures but 

also require special toxic solvents, like hydrazine, o-dichlorobenzene, toluene and 

chloroform, due to their dissolution compatibility with these solvents.6,14,16,22 Second, 

stability of surfactant-assisted colloidal dispersion systems is quite susceptible, since the 

surfactant molecules are very sensitive to external stimuli.9 Finally, removing the 

surfactants after the assembly can be time and energy consuming. It is also noted most 

colloidal systems synthesized so far are based on metals, simple oxides or 

semiconductors; few has been reported concerning colloids of complex inorganic 

compounds with multiple elements. Therefore, it would be very intriguing to explore 

formation and assembly of colloidal inorganic nanocrystals based on multiple-element 

complex compound in a common non-toxic solvent without using any surfactants.  

        The Li-excess transition metal oxide, Li1.2Mn0.54Ni0.13Co0.13O2 (LMNCO), has 

attracted tremendous research attention as a promising cathode material for high-capacity 

lithium-ion batteries, due to its very high theoretical capacity of 321 mAh g-1 and wide 

operating voltage range of 2.0 - 4.8 V vs. Li/Li+.23,24,25,26,27,28,29 LMNCO is composed of 

two components, lithium-inactive Li2MnO3 (space group C2/m) and lithium-active 

LiMn1/3Ni1/3Co1/3O2 (space group R-3m) at a molar ratio of 1:1, i.e., 

0.5Li2MnO3·0.5LiMn1/3Ni1/3Co1/3O2, in the integrated layered structure with Li-excess 
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characteristics.23,24,26 However, practical applications of these Li-excess cathodes are 

limited by considerable irreversible capacity loss in the first cycle, oxygen loss from the 

lattice during the first cycle, reaction with the electrolyte at the high operating voltage of 

up to 4.8 V, and low rate capability.30 The huge irreversible capacity loss is due to the 

rearrangement of the layered oxide lattice at the end of first charge, resulting in an 

elimination of oxide ion vacancies and a corresponding number of lithium sites.  As a 

result, not all the lithium extracted at the end of first charge could be inserted back into 

the lattice, resulting in a waste of capacity.  

        It is well accepted that the electrochemical performance of an electrode material 

depends on not only the intrinsic characteristics of the material but also its designed 

morphologies.1 The problems mentioned above can be alleviated by fabricating 

nanostructured Li[Li,Mn,Ni,Co]O2 that provides high surface area, efficient electron 

transport pathway, improved electronic conductivity, and structural flexibility/stability 

for volume change during lithiation/delithiation. However, most Li[Li,Mn,Ni,Co]O2 

materials reported in literature are submicron-sized, which show improved 

electrochemical properties but did not solve all the problems, especially the poor 

cycleability and low rate capability.31 It remains a challenge to obtain nano-sized or 

nanoarchitectured Li[Li,Mn,Ni,Co]O2 due to its multiple-element complex composition 

and structure. Some approaches have been reported for fabricating nanostructured or 

nanoarchitectured Li-excess layered cathode materials including solvothermal process 

and lithiation of nanostructured transition metal precursors.29,32,33,34 But these methods 

usually involve complicated and time-consuming synthetic procedures.  
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        Self-assembly of surfactant-free LMNCO colloids could be a more facile and 

effective route for constructing diverse nanostructured or nanoarchitectured LMNCO. To 

avoid using surfactants, ultrasonic cavitation phenomena have been observed and 

demonstrated to effectively disintegrate the aggregates and further fragment the dispersed 

particles into numerous monodisperse nanocrystals at nanoscale and/or sub-nanoscale in 

solvents.10,35,36 Sonication-induced formation of colloidal dispersions, followed by self-

assembly has been extensively reported for the gelation system,37,38,39,40 but has not been 

reported for inorganic particles. In comparison with strong interactions between sonically 

generated radicals in the gelators, interactions between inorganic nanocrystals are very 

delicate and trivial, mostly resulting in an unstable suspension of inorganic nanoparticles. 

In this work, we report facile sonication-induced formation of tunable LMNCO colloidal 

nanocrystals in ethanol, a common and non-toxic solvent, without any assistance from 

surfactants. 

        The present work introduces a novel sonication-induced method to synthesize Li-

excess transition metal oxide colloids in ethanol and explores the formation mechanism 

of the colloids. The effects of ultrasonic cavitation on inducing the interaction between 

LMNCO nanocrystals and ethanol molecules are studied using theoretical simulation and 

dynamic light scattering technique. It is suggested that the ultrasonic treatment 

contributes to “activating” the surface of LMNCO nanocrystals during the cavitation 

event in addition to breaking up LMNCO particles into nanocrystals. The LMNCO 

nanocrystals are thus enabled to absorb ethanol molecules via hydrogen bonding, 

resulting in the formation of LMNCO-EtOHs supramolecules with negative surface 

charge. The electrostatic repulsion force between LMNCO colloids helps to stabilize 
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LMNCO nanocrystals in ethanol, which facilitates subsequent self-assembly of 

nanocrystals during evaporation of the solvent. In this case, the colloidal dispersion 

system only consists of two components, LMNCO nancorystals and ethanol, without any 

surfactants, which offers better and easier control over self-assembly procedure for 

constructing elaborate nanoarchitectures. The self-assembly behaviors of LMNCO 

colloids are studied, and the effect of assembling LMNCO into nanoarchitectures on 

improving its electrochemical performance is also evaluated.  

6.2 Results and Discussion 

6.2.1 Sonication-induced generation colloidal nanocrystals and solvent evaporation 

promoted morphology reconstruction of Lithium excessed oxide. 

 

. 

Fig. 6.2.1.1. SEM image of original LMNCO particles 
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        Fig. 2.1.1.1 reveals the SEM image of original LMNCO particles with polyhedral 

shape and an average particle size of ~250 nm. As shown in Fig. 6.2.1.2 accordingly, the 

relative particle size distribution (PSD) indicates a high-level aggregation of the as-

prepared LMNCO powders, which is probably attributed to the high annealing 

temperature at 900°C during the synthesis. The distinguishing effects on dispersing 

LMNCO particles in ethanol via different means can be obviously seen from the inset 

photographs in Fig. 6.2.1.1. It is interesting to note the sonication-assisted approach 

results in a stable and brown dispersion (the left vial) when 10 mg LMNCO powders are 

ultra-sonically dispersed in 20 mL ethanol for 2 h, followed by settling for 2 days. In 

contrast, the vigorous magnetic stirring at 60°C shows little effect on stabilizing LMNCO 

particles in the solvent (the right vial). The heating process is used to accompany the 

stirring treatment, because the dispersion system after 2 h sonication shows a temperature 

of ~60°C. As reported in literature,35,36 the strong cavitation and streaming effects during 

the ultra-sonication process not only effectively disintegrate the original LMNCO 

aggregates into individual nanocrystals, but also yield broken chemical bonds on the 

surface of the newly-formed LMNCO nanocrystals. Consequently, such active surface 

might induce potential interactions between LMNCO nanocrystals and surrounding 

ethanol molecules, such as hydrogen bonding, in order to drastically lower the surface 

free energy.20,41 As a result, a stable colloidal dispersion of Li-excess transition metal 

oxide is achieved in a possible form of LMNCO-EtOHs supramolecules. On the other 

hand, shear stress from magnetic stirring even under heating is too weak to trigger this 

phenomenon. It should be noted that only a fraction of original LMNCO particles form 

the colloidal dispersion after settling for 2 days. In the case shown in Fig. 6.2.1.1, the 
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actual dispersion concentration is 0.12 mg/mL, much smaller than the nominal 

concentration of 0.5 mg/mL. Surprisingly, the concentrations of different colloidal 

dispersions are affected by the initial mass of LMNCO powders before sonically 

dispersing in the 20 mL solvent; hence, the nominal dispersion concentrations are used 

hereafter.  

 

 

Fig. 6.2.1.2. Particle size distribution of the as-prepared LMNCO powders. 
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Fig.6.2.1.3. A theoretical study by simulating the interaction between LMNCO 
nanocrystals and ethanol molecules via hydrogen bonding: (a) the structural configuration 
of MnO6 octahedron representative of Li-excess transition metal oxide, (b) the molecular 
structure of an ethanol molecule (EtOH) at ground and excited states, respectively, (c) the 
composite structure of MnO6-EtOH optimized by Avogadro, and (d) the optimal 
geometry of MnO6-EtOH by Gaussian 03. 

        Theoretical calculation was carried out in order to understand the potential 

interaction existed between LMNCO and EtOH molecules. It has been known that 

LMNCO has a very complex structure consisting of two components (Li2MnO3 and 

LiMn1/3Ni1/3Co1/3O2) in Li-rich characteristics. The integrated layered structure of Li-

excess transition metal oxide is formed by transition metal cations occupying on 

octahedral sites within cubic close-packed oxygen arrays;23 MnO6 octahedron is the 

predominant unit within Mn-based Li-rich LMNCO. Therefore, we simplify our 

simulation work by employing a MnO6 octahedron as a representative for Li-excess 

layered LMNCO to react with ethanol molecules (CH3CH2OH). As reported in 

literatures,44,45 UB3LYP is one of the most successful hybrid functions, and LANL2DZ is 
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capable for transition-metal-involved calculation for a creditable modeling study. Hence, 

we employ UB3LYP/LANL2DZ level of theory to manipulate the geometry optimization, 

frequency analysis and time-dependent density-functional theory (TD-DFT) calculation 

between MnO6 and EtOH units. The property of the ethanol molecule alone is also 

calculated using the same level of theory. Fig. 6.2.1.3a displays the unit configuration of 

the MnO6 octahedron. As the oxidation state of Mn in MnO6 octahedron is tetravalent, 

i.e., there is one unpaired 3d electron, the multiplicity of the MnO6 unit is set to 2. All 

oxygen ions are assumed to be negatively bivalent. Fig. 6.2.1.3 b shows the optimized 

geometry of an EtOH molecule at ground state and excited state, respectively. A quasi-

deprotonation event can be predicted for the ethanol molecule at its excited state, giving 

rise to an extremely weak bonding between O and H in OH groups. MnO6 and EtOH 

were first put together in Avogadro as shown in Fig. 6.2.1.3c. A composite structure can 

be optimized first via Avogadro by forming the hydrogen bonding between one exposed 

oxygen atom from MnO6 and the hydrogen atom in hydroxyl group (OH) from EtOH 

molecule. Hydrogen bonding formation was predicted between one oxygen atom from 

MnO6 and hydrogen atom from the hydroxyl group of EtOH when MnO6 and EtOH 

molecule are close enough, which represent the case at solid liquid interface in real 

systems when LMNCO nanoparticles was in direct contact with EtOH solvent. Geometric 

optimization between the MnO6 octahedron and EtOH molecule was then attempted by 

Gaussian 03. The geometry optimization did not yield a defined minimum and did not 

converge within the default thresholds. Nevertheless, the dissociated EtO··H and newly-

formed H-O-Mn structures are predicted by the calculations as shown in Fig. 6.2.1.3 d. 

Such composite geometry indicates the existence of an interactional force between MnO6 
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and EtOH, in which the EtOH molecule shows certain geometric changes due to the 

existence of MnO6. Furthermore, Fig. 6.2.1.3 d reveals complete de-protonation of EtOH 

molecule after the optimal modeling calculation, which is different from the covalent 

bonding in the original ethanol (Fig. 6.2.1.3b and 6.2.1.3c).  Simultaneously, a new 

covalent bonding is formed between the free hydrogen atom from EtOH and an oxygen 

atom from MnO6. As a result, the theoretical calculation illustrates that the ethanol 

molecule has an intensive tendency to interact with the exposed oxygen from Li-excess 

transition metal oxide via hydrogen bonding, and the geometry of ethanol molecule 

within the optimal MnO6-EtOH composite structure is similar as the excited state of the 

original ethanol (Fig. 6.2.1.3 b). This calculation also predicted a negative surface charge 

on the particle surface due to the absorption of the deprotonated ethanol molecules. 
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Fig. 6.2.1.4. (a) Zeta potentials and photographs in the inset and (b) particle size 
distribution of LMNCO/ethanol colloidal systems with different dispersion 
concentrations; (c) TEM images of dominant LMNCO nanocrystals and (d) HRTEM 
images of LMNCO monocrystals from a colloidal dispersion with a concentration of 0.5 
mg/mL. 

        Fig. 6.2.1.4 explores the particle characteristics of LMNCO nanocrystals and surface 

charge properties of LMNCO colloids in the stable colloidal dispersion system via 

dynamic light scattering and microscopic techniques. Fig. 6.2.1.4a shows the Zeta 

potentials (ζ, mV) of various colloidal dispersions with different dispersion 

concentrations ranging from 0.05 to 5 mg/mL, along with the selected photographs in the 

inset. Darker color indicates more LMNCO nanocrystals being stabilized in the 20 mL 

ethanol, leading to a higher concentration of the colloidal system. The negative signal of 
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ζ potentials indicates the negative surface charge of LMNCO colloids,46 which is well 

agreed with our theoretical calculation. Accordingly, PSD analyses in Fig. 6.2.1.4 b 

reveal LMNCO nanocrystals in the colloidal dispersion have larger particle size when the 

concentration increases, possibly because the water-bath-based sonication has limited 

power to disintegrate the LMNCO aggregates when the initial quantity of the particles 

increases in the system.36 Since the absolute value of ζ potential is associated with the 

magnitude of surface charges,47 ζ potentials in Fig. 6.2.1.4 a indicate that a colloidal 

LMNCO system with a larger particle size possesses more negative surface charge within 

a stable colloidal system at a higher concentration. Such phenomenon is accordance with 

the simulation result, because a larger LMNCO core having a larger surface area can 

adsorb more ethanol molecules at the surface, and thus contributes to the higher negative 

charge of LMNCO-EtOHs supermolecule, i.e., the resultant LMNCO individual.   

 

        TEM images are captured to examine detailed morphology and structure of the 

dispersive LMNCO nanocrystals. The specimens are prepared by dropping 0.5 mL 

colloidal dispersion on the TEM copper grid, followed by drying at room temperature. 

Fig. 6.2.1.4 d and 6.2.1.4 e present two different forms of LMNCO nanocrystals 

coexisting in a colloidal dispersion at a dispersion concentration of 0.5 mg/mL. As shown 

in Fig. 6.2.1.4c, most LMNCO nanocrystals have a mean particle size around 200 nm, 

which is consistent with the PSD analysis (Fig. 3b). The inset selected area electron 

different (SAED) pattern shows the combination of polycrystalline and monocrystalline 

characteristics of these nanocrystals. In contrast, high-resolution TEM (HRTEM) image 

in Fig. 6.2.1.4d reveals LMNCO monocrystals with an average particle size of ~5 nm. 
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The cavitation effect during the sonication process can not only disintegrate LMNCO 

aggregates into individual particles, but also smash individual LMNCO particle into 

numerous smaller nanocrystals.36 When original LMNCO nanoparticle is cleaved to 

generate new surfaces, the structure of the two newly-created surfaces may or may not be 

the same. If two structures at the each surface are identical, the surface will 

be dipoleless and is considered a nonpolar surface. If they are different, the surface will 

have a strong dipole and is considered a polar surface. Due to the complexity of 

sonication environment, nanocrystals with different surface properties were generated. 

This was evidenced by the fact pieces of nanocrystals were also found in the precipitate 

after sonication while other portion of newly-created nanocrystals were suspended in the 

solvent. The generation of multiple exposed defective oxygen anionic centers (Lewis 

base) at the newly-created surfaces should be mainly accountable for the stability of those 

suspended nanocrystals via formation of hydrogen bonding with solvent molecules 

(ethanol) as predicted by the theoretical calculation. On the other hand, sonication-

induced cutting might also generate a few exposed defective metal cationic centers 

(Lewis acid), which can also interact with the solvent molecules via coordination.48 

Further, Fig. 6.2.1.4d reveals the self-assembly characteristics of LMNCO nanocrystals 

after the removal of ethanol on the TEM copper grid, which will discuss in details below.  
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Fig. 6.2.1.5 Schematics showing the sonication-induced colloidal LMNCO nanocrystals 
to form LMNCO-EtOHs supramolecules, and the resultant superstructures through 
evaporation-induced self-assembly.  

        Based on all the analyses above, we propose a formation mechanism of LMNCO 

colloids as presented in Fig. 6.2.1.5. During the initial sonication-induced process, the 

ultrasonic cavitation plays a crucial role to form and activate LMNCO nanocrystals by 

breaking up original LMNCO aggregates (Fig. 6.2.1.1). The interaction between the 

newly-formed LMNCO nanocrystals and ethanol molecules can be referred to the 

simulation study in Fig. 6.2.1.3, which states that an individual LMNCO nanocrystal 

tends to absorb EtOH molecules via hydrogen bonding, in order to lower its surface free 

energy. As a result, a new, stronger bonding might be formed between hydrogen atoms 

from EtOH molecules and oxygen atoms from LMNCO nanocrystals, while the 

dissociation of EtOH molecules occurs. Such chemisorption leads to an elongated 

covalent bonding in the hydroxyl groups within the absorbed EtOH molecules, resulting 

in the electronic transition and subsequent dielectric polarization of EtOH molecules. 

Since each LMNCO nanocrystal can absorb numerous EtOH molecules, the effect from 

the dielectric polarization of EtOH molecules accumulates at the surface of the LMNCO 

nanocrystal core, which contributes to a negative surface charge of individual LMNCO-

EtOHs supramolecules. Therefore, LMNCO colloids in ethanol are stabilized by 

electrostatic repulsion of the negatively-charged LMNCO-EtOHs supramolecules.18,21 

Additionally, the excellent dispersibility of LMNCO colloids may arise from the steric 

effects of EtOH molecules as well.9,20 In short, colloidal LMNCO nanocrystals can be 

easily prepared in ethanol via one-step sonication-induced process and the proposed 

formation mechanism of LMNCO-EtOHs supramolecules is consistent with the 

characterizations of the dispersion system.  
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        The colloidal dispersion of inorganic nanocrystals offers a promising route for 

constructing complex superstructures through facile self-assembly.9,11,14 In the case of Li-

excess layered transition metal oxide, LMNCO colloids are only associated with solvent 

molecules. Mechanism of self-assembly behaviors of colloidal LMNCO nanocrystals can 

be referred to the evaporation-induced self-assembly (EISA) that has been extensively 

reported in literatures.9,12,14 Evaporation of the solvent gives rise to the progressively 

increasing concentration of nonvolatile colloidal components. Such process can be easily 

affected by the evaporation environment in combination with chemical and/or physical 

properties of both solvent molecules and inorganic nanocrystal cores. During the 

evaporation of ethanol, the van der Waals attraction among LMNCO-EtOHs 

supramolecules is increased, leading to the gradual aggregation of LMNCO nanocrystals, 

meanwhile the liquid-vapor interface serves as the nucleating sites for assembly of 

LMNCO nanocrystals.10,12  

 

Fig. 6.2.1.6 SEM images of various nanoarchitectures via self-assembly of LMNCO 
colloids on Al substrates at 80°C: (a) fiber networks, (b) regular-shaped blocks, (c) sheet 
networks, (d) aggregates of particles with magnified details, and (e) a composite structure.  



150 
 

 

        Fig. 6.2.1.6 shows the resultant products via self-assembly after evaporating the 

ethanol in the colloidal dispersion with a concentration of 0.5 mg/mL on the Al substrate 

at 80°C. The evaporation temperature is set slightly higher than the boiling point of the 

ethanol (78.4°C), to ensure an inhomogeneous evaporation environment. SEM images in 

Fig. 6.2.1.6 display four major micron-sized architectures assembled from colloidal 

LMNCO nanocrystals, indicating very complicated self-assembly behaviors. The self-

assembly products are expected to show diverse morphology and architectures such as 

rods, sheets, cubes, spheres, etc., since concentration of the colloidal system changes 

during evaporation of ethanol and different concentrations yield different 

morphology/structure. For example, the dipole-dipole interaction of LMNCO-EtOHs 

supramolecules arising from the asymmetrical charge distribution of LMNCO colloids 

can lead to the micron-sized network of rods during the solvent evaporation process (Fig. 

6.2.1.6 a). Similar  behavior has been observed in evaporation induced assembly of gold 

nanoparticles in ethanol.42 Rabani and co-workers reported that when the solvent 

evaporation is inhomogeneous and the concentration of colloidal nanocrystals is low, 

network structures are mostly apt to form as vapor nuclei meet owing to infrequent 

nucleation events.12 This assembly is only stable if the interfaces are frozen following the 

evaporation, resulting in extremely long networks of LMNCO rods with a length at sub-

millimeter scale (Fig. 6.2.1.6 a). Otherwise, networks break down to yield distinct 

fragments that asymptotically evolve by coarsening. As a result, different shapes of 

LMNCO blocks, including cube, cuboid, diamond, sphere, etc., are formed as revealed in 

Fig. 5b. The length of the  LMNCO blocks ranges from several nanometers to microns, 

possibly due to an effect equivalent  to the Ostwald ripening occurring during 
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nanoparticle fabrication process.39 The two assemblies summarized above occur more 

easily for LMNCO colloids with low concentrations,43 which are probably dominant for 

small LMNCO monocrystals in Fig. 6.2.1.4 d, due to their higher thermodynamic activity 

and kinetics than larger LMNCO nanocrystals. 

        During the evaporation process, continuous loss of the ethanol solvent leads to the 

increased concentration of LMNCO-EtOHs supramolecules. Hence, self-assembly of 

LMNCO is dominated by two- and three-dimensional (2D and 3D) aggregation of 

LMNCO nanocrystals in order to drastically reduce the surface free energy in the 

dispersion system.13,10,43 The 2D assembly results in sheet network (Fig. 6.2.1.6 c) 

constructed from small LMNCO nanocrystals, and 3D assembly of large LMNCO 

nanoparticles yields spherical aggregates in Fig. 6.2.1.6 d. Fig. 6.2.1.6 e reveal the 

simultaneous and competing progresses of 2D and 3D assembly. The simulation study by 

Rabani and his co-workers reported that the shapes of terminal structures can be affected 

by the evaporation conditions and diffusion coefficient of nanoparticles in the colloidal 

dispersion system during the drying-mediated self-assembly process.12 These preliminary 

results provide useful clues for producing tailorable superstructures via controlling the 

self-assembly process.  
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Fig. 6.2.1.7 SEM images of superstructures assembled from LMNCO colloidal system 
with a dispersion concentration of 2.5 mg/mL at room temperature prepared in (a) DI 
water, and (b) methanol with an inserted photo showing corresponding colloidal 
dispersion. 

 

        Furthermore, Fig. 6.2.1.7 manifests that the formation of colloidal LMNCO 

dispersion and subsequent self-assembly behaviors can be extended to other solvents 

such as distilled water and methanol, since both of them have hydroxyl groups to interact 

with LMNCO particles via hydrogen bonding. It is possible that volatility of different 

solvents can further influence the properties of LMNCO colloids during solvent 

evaporation process, resulting in distinguishing assembly behaviors. Our ongoing work 

focuses on comprehensively study and precisely control the self-assembly of LMNCO 

colloids in various solvents, in order to achieve tailorable assembled nanostructures of 

LMNCO material and its analogs.   

(a) 

(b) 
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6.2.2 Structure and electrochemical evaluation of the re-assembled product 

 

 

Fig. 6.2.2.1 XRD patterns of original LMNCO particles and the self-assembly product 
from a colloidal system with a dispersion concentration of 0.5 mg/mL (LMNCO-SA). 

 

        As shown in Fig. 6.2.2.1, the powders collected from the self-assembly of colloids 

(marked as LMNCO-SA) have identical XRD patterns as the pristine LMNCO particles, 

indicating that assembly of LMNCO into superstructures does not affect its chemical 

composition and crystal phase.  
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Fig. 6.2.2.2 Electrochemical performances of original LMNCO particles and the self-
assembly product from LMNCO colloidal system (LMNCO-SA), cycled in a voltage 
range of 2.0-4.8 V vs. Li/Li+: (a) initial charge and discharge curves, and (b) cycling 
performances at a current density of 0.5 C (1C = 250 mA g-1) and corresponding 
Columbic efficiencies. 

        Since Li-excess transition metal oxide is a promising high-capacity cathode material 

for lithium ion batteries, it would be very interesting to evaluate electrochemical 

properties of the assembled LMNCO architectures in comparison with the pristine 

LMNCO particles. Fig. 6.2.2.2a presents initial charge/discharge curves of LMNCO and 

LMNCO-SA cathodes at 0.5 C (1C = 250 mA g-1) in a voltage range of 2.0-4.8 V vs. 

Li/Li+. The nanostructured LMNCO-SA delivers a discharge capacity of 166.1 mAh g-1, 

much higher than 103.8 mAh g-1 of the original LMNCO particles. It is noted that self-
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assembly of LMNCO contributes to the significantly improved specific capacity and 

reduced electrochemical polarization in the initial cycle. On the other hand, LMNCO-SA 

and LMNCO both show low Columbic efficiencies of 67.26% and 60.66%, respectively, 

which are attributed to electrochemical activation of inert Li2MnO3 component in 

LMNCO,29 indicating the same electrochemical characteristic of LMNCO before and 

after self-assembly. However, self-assembly of LMNCO exhibits phenomenal effect on 

enhancing its cycling stability. As shown in Fig. 6.2.2.2 b, LMNCO-SA retains 

approximately 100% of initial discharge capacity after 100 electrochemical cycles, while 

LMNCO shows moderate discharge capacity retention of 84.5%. Such remarkably 

increased capacity and improved cycleability in LMNCO-SA are attributed to the 

assembled superstructures that can offer more lithium active sites and effectively release 

reaction strains during lithiation/delithiation processes and phase conversion.1   

6.3 Conclusions 
        In summary, an inorganic colloidal dispersion system is facilely synthesized by 

inducing interactions between inorganic nanocrystals and solvent molecules via one-step 

sonication. In the case of Li-excess transition metal oxide dispersed in ethanol, hydrogen 

bonding plays a crucial role to form stable and dispersible colloidal supramolecules, in 

which the surface of LMNCO core is capped by numerous ethanol molecules via 

hydrogen bonding. Such chemisorption gives rise to the dielectric polarization of ethanol 

molecules, resulting in negative surface charge of colloidal nanocrystals. The formation 

mechanism of the surface-charged inorganic colloids in the ethanol is proposed, and 

demonstrated by Zeta potential measurements as well as simulation studies. The self-

assembly behavior of solvent-assisted colloidal nanocrystals is also explored. The 
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assembled architectures of Li-excess layered transition metal oxide are evaluated for 

applications as cathode materials in lithium ion batteries and show significantly enhanced 

electrochemical performance compared to original particles, delivering a much higher 

specific capacity and better cycling stability. This work presents an ultra-facile route for 

preparing inorganic colloids in common solvent, and provides a promising approach to 

assemble inorganic particles into tailorable nanoarchitectures for significantly improved 

performance in device applications.  

6.4 Materials and Methods  
Synthesis of Li-excess Li[Li0.2Mn0.54Ni0.13Co0.13]O2 oxide. Li[Li0.2Mn0.54Ni0.13Co0.13]O2 

(marked as LMNCO) particles were synthesized using surfactant-assisted dispersion in a 

sol-gel method. We first prepared three precursor solutions: 5.4 mmol F127 

(EO106PO70EO106) in 50 mL ethanol, 0.08 mol transition metal acetate tetrahydrates (a 

molar ratio of Mn2+:Ni2+:Co2+=0.54:0.13:0.13) in 50 mL ethanol, and 0.12 mol lithium 

hydroxide in 20 mL DI water. The molar ratio of F127/Mn2+ was 0.01. The transition 

metal precursor solution was added dropwise into the F127/ethanol solution under 

vigorous stirring at 40°C, and then the mixed solution was added into the lithium 

precursor solution. The final mixture was heated at 80°C until the solvent was completely 

evaporated. Afterwards, the mixture was dried in air at 120°C for 12 h. Heat treatment of 

the dried mixture was carried out in air at 300°C for 3 h, followed by sintering at 900°C 

for 12 h. Li[Li0.2Mn0.54Ni0.13Co0.13]O2  particles were collected after cooling to room 

temperature. 
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Preparation of colloidal Li[Li0.2Mn0.54Ni0.13Co0.13]O2 nanocrystal dispersions in the 

solvent. Preparation of Li[Li0.2Mn0.54Ni0.13Co0.13]O2 colloids in ethanol was carried out 

using an one-step sonication treatment in a VWR B2500A-BTH ultrasonication water 

bath, operating at 210 W and 40 kHz. A certain amount of LMNCO particles was directly 

dispersed in 20 mL ethanol within a cap-sealed disposable scintillation vial by sonication 

for 2 h. The stable colloidal dispersions of LMNCO nanocrystals were obtained after 

settling for 2 days, and then examined by various characterizations. The dispersion 

concentration with a unit of mg/mL was calculated by dividing the original mass of 

LMNCO powders over the volume of ethanol (20 ml). Other solvents containing a 

hydroxyl group, such as methanol and DI water, can also be used.  

 

Characterization: 

Crystallographic structures of original Li[Li0.2Mn0.54Ni0.13Co0.13]O2 particles and powders 

collected from colloidal dispersions after the removal of the solvent, were examined by a 

Panalytical X’pert Diffractometer with Cu Kα radiation. Morphology and particle size of 

the samples were observed using a Hitachi S2500 field emission scanning electron 

microscopy (FESEM). Transmission electron microscopic (TEM) images were captured 

on a JEM-2010 microscopy at an acceleration voltage of 200 kV. Excitation and emission 

spectra of pristine LMNCO solid particles, ethanol solvent and colloidal dispersions were 

measured by HORIBA Fluorolog-3 Spectrofluorometer. Geometry optimizations in the 

simulation study were performed by Gaussian-03 using UB3LYP/LANL2DZ level of 

theory. The Zeta potential (ζ, mV) values and particle size distribution (PSD) of LMNCO 

colloids in ethanol at different dispersion concentrations were measured by a MicroTrac 
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ZetaTrac analyzer based on the principle of dynamic light scatting. A 3 mW laser source 

with a wavelength of 780 nm was used as the light source.  

Electrochemical measurements. The working electrodes were composed of 80 wt.% 

original Li[Li0.2Mn0.54Ni0.13Co0.13]O2 particles or self-assembled powders, 10 wt.% 

acetylene black (conductive carbon, Alfa Aesar, 99.5%), and 10 wt.% poly-

vinylidenefluoride (PVDF, Alfa Aesar) as the binder. These cathodes were assembled 

into two-electrode CR2032-type coin cells for electrochemical measurements, with 

metallic lithium foil as anode and Celgard-2320 membrane as separator. The electrolyte 

was 1 M LiPF6 dissolved in ethylene carbonate (EC), dimethyl carbonate (DMC) and 

diethyl carbonate (DEC) at a volumetric ratio of 1:1:1. Theoretical capacity of the 

cathode materials is set to 250 mAh g-1, i.e., the specific current corresponding to 1 C is 

250 mA g-1.  Galvanostatic charge and discharge were performed at 0.5 C in a voltage 

range of 2.0 - 4.8 V vs. Li/Li+ using an 8-channel battery analyzer (MTI Corp.).  
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